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Abstract 
 
In this study polycrystalline NiAl has been subjected to torsion deformation. Torsion has been 
used because of its characteristics. By this deformation mode high shear strains (γmax ≈ 18 in 
this study) can be imposed on the sample. The deformation conditions are well-defined 
because of the local deformation mode, which is simple shear. Due to the monoclinic sample 
symmetry one half of the pole figure is needed in order to obtain the complete texture 
information, which is more than is needed e.g. by extrusion or rolling. Therefore, texture 
analysis might be more sensitive with respect to texture components. Furthermore, torsion 
deformation is characterized by being inhomogeneous in terms of the amount of shear strain 
and shear strain rate along the sample radius. The shear strain gradient makes the analysis of 
different stages of deformation on the same sample (i.e. under the same deformation 
conditions) possible. Another characteristic being special for torsion is that samples change 
their length, although no axial stress is applied. This effect is known as Swift effect and will 
be analyzed in detail. The deformation, microstructure and texture development subject to the 
shear strain are studied by different techniques (Electron Back-Scatter and High Energy 
Synchrotron Radiation). Beside the development of microstructure and texture with shear 
strain, the effect of an initial texture as well as the deformation temperature on the 
development of texture and microstructure constitute an important part of this study. 
Therefore, samples with three different initial textures were deformed in the temperature 
range T = 700K – 1300K.  
The development of the microstructure is characterized by two different regimes depending 
on the deformation temperature T. For T up to 1000K, continuous dynamic recrystallization 
(CDRX) takes place. This mechanism leads to the deformation-induced dislocations forming 
low angle grain boundaries (LAGBs) or being incorporated into them and the successive 
transformation of these boundaries into high angle grain boundaries (HAGBs) by a further 
increase of their misorientation. The predictions of this model were compared with the 
experimental results. The shear stress – shear strain curves are characterized by a peak at low 
strains, which is followed by softening and a steady state at high strains. This condition is 
fulfilled for a number of samples, but especially <111> oriented samples do not show a 
softening stage at low temperatures. Grain refinement takes place for all samples and the 
average grain size decreases with temperature. The predicted LAGB decrease is in best 
agreement with the experiments at the lowest temperatures (T = 700K and 800K). Deviations 
from the model can be explained by the temperature dependence of the grain boundary 
mobility. For temperatures T > 1000K, discontinuous dynamic recrystallization (DDRX) 
occurs, by which new grains form by nucleation and subsequent growth. 
The texture is characterized by two components, {100}<100> (cube, C) and {110}<100> 
(Goss, G). The intensity of G increases with temperature, while that of C decreases 
independent of the initial orientation. Both components have their maximum deviated about 
the ϕ1 axis. The deviation is larger for grains containing the C component and decreases with 
temperature. Grains containing the G component have the smaller deviation, which decreases 
with temperature and strain. Texture simulations based on the full constraint Taylor model 
under the assumption of {110}<100> and {110}<110> slip were done with the experimental 
<110> and <111> fibres as well as a theoretical <100> fibre and a {100}<100> single 
orientation (ideal as well as rotated about the torsion axis). The G component is predicted by 
the simulations and is therefore a deformation texture. However the C component does not 
appear in the simulation. It therefore must originate by different mechanisms. For the non-
<100> oriented samples, possibly nucleation is responsible for the formation of C oriented 
nuclei. Simulations with single orientations lead to the conclusion, that the ideal C orientation 
rotates about the ϕ1 axis, while other C orientations, which are rotated about the torsion axis, 
increasingly converge towards the G component with strain. A single G orientation on the 
other hand is stable against such a rotation and is therefore the most likely steady state texture. 
Based on these results it is proposed, that ideally C oriented nuclei rotate until an orientation 
is reached into which they grow. These new grains are further rotated up to a critical angle, at 
which a part of them disappears either by adjacent grains or new C oriented nuclei. The 
recrystallization texture for T > 1000K is most likely the C component as well. 
Torsional creep of NiAl is characterized by a stress exponent, which depends on temperature 
and an activation energy, which is stress dependent. A model incorporating both dependencies 
is proposed and applied to the creep data. It is shown that these equations are able to describe 
the experimental findings. Thus creep of NiAl based on this model is dominated by non-
diffusional processes such as cross slip of <100> screw dislocations for T ≤ 1000K. For T > 
1000K the stress exponent and the activation energy are in a region, which according to 
previous reports is rather dominated by dislocation-climb controlled creep. 
The Swift effect, due to which samples change their axial dimension during torsion without 
applied axial stress, is observed for NiAl. It is strongly related to the texture development and 
in the case of NiAl the C component is identified as being responsible for shortening, whereas 
the G component leads to lengthening as long as it is not aligned with the shear system. Both 
tendencies can be explained based on the active slip systems. Simulations fail to predict the 
experimental observation, because the C component is not present. 
HESR and EBSD were compared with respect to local texture measurements. It was 
concluded depending on the average grain size HESR has an advantage in terms of grain 
statistics. For DDRX samples however, both methods are limited. Local texture 
inhomogeneities can be better detected using EBSD, whereas for an overall local texture 
information HESR is better suited. 
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1 Introduction 
 
1.1 Motivation 
 
To adjust material properties for technological applications, it is important to know the effect 
of the deformation parameters on hot working. Two of these properties are the hardness 
(which is often set equal to strength) and the ductility (often described by the elongation to 
failure). Hardness is a measure for the resistance of the material against plastic deformation, 
while ductility characterizes the workability. Thus, improving both properties at the same 
time is difficult, because high strength brings about low ductility and vice versa. The yield 
stress σY, which is the threshold above which plastic deformation sets in, is proportional to 
the hardness and is connected with the grain size D through the Hall-Petch relation [Hal 1951, 
Pet 1953]: 
 
0Y
K
D
σ σ= +  
 
where σ0 and K are constants. This equation holds for grain sizes down to the nanometer 
range (10 -50 nm) depending on the material [ES 1992, Vol 1997]. For smaller grain sizes, an 
inverse Hall-Petch relation has been reported [Cho 1989, Vol 1997] and modelled [Sca 1992, 
Wol 2003, Tak 2001]. A fine-grained material is therefore desirable in terms of a high hard-
ness.  
During the last 15 years, deformation methods have been developed, which are capable of 
refining the grain structure down to the nanocrystalline range. Depending on the material and 
deformation parameters this can lead to a drastic increase in elongation to failure [Val 2000]. 
These methods are denoted Severe Plastic Deformation (SPD). It is their common feature that 
very large strains can be imposed on a sample. Furthermore, by application of sample con-
finements (e.g. by the apparatus itself or by applying a confining pressure) cracking and sig-
nificant shape changes of the material are prevented. The most widely examined SPD 
mechanisms are  
 
• Equal Channel Angular Pressing (ECAP) [Val 2000] (Figure 1 - 1 a) 
• High Pressure Torsion (HPT) (Figure 1 - 1 b).   
 
HPT will be reviewed in detail, because it is of major importance in this work. It will become 
apparent that most investigations were done in the pressure range > 1 GPa and experiments in 
the pressure range of about 400 MPa have only been performed in the field of rock deforma-
tion. Although torsion has very special properties e.g. in terms of a deformation gradient there 
is only a small number of reports on the detailed analysis of the physical and mechanical be-
haviour of materials subject to these properties. This work had the aim to perform such an 
analysis for an intermetallic compound using a setup on which metallic materials have not 
been previously deformed. 
 
 
 
 
 
 
 
(1.1)
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1.2 State of the art of high pressure torsion 
 
Most of the work on HPT has been done by using a tool shown in Figure 1 - 1. First, a disc-
shaped specimen is compressed between two anvils containing a depression. As a result, ma-
terial is squeezed into the gap giving rise to build up a hydrostatic pressure ≥ 1 GPa. Then, for 
torsion the torque is transmitted through friction between sample and anvil. This setup has 
been used for a variety of materials with different respective objectives and results. 
         
 
Figure 1 - 1: (a) ECAP tool for cuboid-shaped samples, (b) HPT tool for deformation of disc-shaped 
samples. 
 
For pure metals, Cu [Heb 2005, Zeh 2003], Ni [Zhi 2001, Zhi 2002, Zhi 2003, Zeh 2003, 
Scha 2004; DT 2005], Ti [Ser 2001] and Fe [Val 1996, Iva 2005] have been investigated. The 
formation of a microstructure with an average grain size D in the range from 250 nm to 170 
nm and an increase in microhardness HV have been reported for all materials. Systematic in-
vestigations of the role of the deformation parameters on microstructure have been undertaken 
as well. [Zhi 2001, Zhi 2003] found, that the homogeneity across the sample of both D and 
HV depends on the number of rotations N and the hydrostatic pressure p. Constant values are 
obtained for N = 5 and p = 9 GPa in the case of Ni. The same authors also investigated the 
development of grain boundary statistics for p = 6 GPa and N = 5 (i.e., for values where a 
homogeneous microstructure is expected) at the center and edge of the sample. For both posi-
tions a bimodal distribution developed with low angle (misorientation angle θ up to 15°) and 
twin boundaries having a higher frequency and high angle grain boundaries (θ > 15°) being 
less pronounced than for a random distribution. A similar distribution is found by [Iva 2005] 
for Fe. [Zeh 2003] showed that the flow stress increases with hydrostatic pressure and that the 
amount of increase of flow stress is material dependent. [Heb 2005] report on the influence of 
p, N (in terms of the shear strain γ) and deformation temperature T on the microstructural de-
velopment of Cu. A steady state grain size is reached for p = 2 GPa, γ > 27 at room tempera-
ture. The increase of T up to 200°C leads to an increase in grain size and a faster development 
of a steady state at γ > 6.8. Referring to [Zeh 2003], the effect of p is claimed to having been 
overestimated. The topic of post-deformation annealing was discussed on Ni in [Scha 2004]. 
A change in microhardness and grain size does not occur instantly, but above an annealing 
(a) (b) 
sample 
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temperature of 0.35TM (TM = melting temperature) HV and D reach the values of the unde-
formed material. In the case of commercially pure Ti [Ser 2001], short time annealing (T = 
573K, t = 10 min) after HPT improved room temperature strength as well as ductility in com-
parison to the as-processed material. 
Investigations were also done for metal alloys and composites in order to study the effect of 
alloying on strength and ductility. In [Isl 2001] the ductility and microhardness of the Al-base 
alloy V96Z1 (Al–7.5%Zn–2.7%Mg–2.3%Cu–0.15%Zr) after HPT and subsequent annealing 
as a function of temperature were analyzed. An elongation to failure εF of up to 25% was ob-
served with HV being increased after HPT and decreasing for annealing temperatures > 
150°C. [Lan 2005] report a grain size of 150 nm after HPT for an Al–3%Mg–0.2%Sc alloy. 
Furthermore, the development of HV across the sample for different values of p and N was 
analyzed with the following results: HV has its lowest values at the center of the sample and 
reaches saturation near the sample edge, irrespective of p and N; the absolute value of HV and 
its homogeneity across the sample increase with p and N, respectively. Superplastic behav-
iour with εF ~ 500% is reported for N = 5 and p = 6 GPa. 
Different types of steel have been analyzed as well [Ryb 2004, Wet 2004]. Beside grain re-
finement and increased values of microhardness, additional effects have been reported. In [Iva 
2003a], the dissolution of the cementite phase in a pearlitic steel (UIC 860V) is analyzed. An 
enhanced thermal stability of this steel due to alloying carbides has also been observed [Iva 
2003b]. The homogeneity of HPT was analyzed using an austenitic Cr-Ni steel [Vor 2004] 
and in contradiction to other authors findings it was claimed, that HPT cannot produce sam-
ples with a totally homogeneous microstructure. 
Intermetallic compounds show structural changes when deformed by HPT. The shape mem-
ory alloy NiTi was investigated in [Val 2001, Ser 2003, Ren 2004] with its main characteristic 
being amorphization during HPT. A detailed analysis of the structure changes in different 
NiTi-based alloys during HPT and the tendency of amorphization subject to various parame-
ters (e.g. alloy composition and deformation temperature) can be found in [Pro 2005]. In 
Ni3Al alloys and pure Ni3Al, disordering occurs during deformation [Kor 1999, Val 2001, 
Ren 2004, Kor 2002]. Superplastic behaviour in a boron doped Ni3Al alloy is reported in [Mis 
1998]. Both amorphization and disordering can be reversed by post-deformation annealing 
[NiTi, Ni3Al: Kor 1999, NiTi: Pro 2005]. 
The role of HPT in the consolidation of mechanically alloyed (MA) and gas atomized (GA) 
powders was the topic in [MA: Sto 2000 (Ti), Iva 2002 (Fe based) Sor 2003 (Co), Sor 2004 
(Fe-based), Str 2004 (Al-Zn, Al-Mg), Lee 2004 (Al-Mg), GA: Yav 2002 (Al90Fe5Nd5), 
MA+GA: BF 2004 (partially amorphous Al)]. All reports are in agreement about HPT being 
able to produce nearly fully dense samples while preserving the small grain size in the case of 
MA. If the powder was partially amorphous prior to HPT, crystallization has been observed 
(Yav 2002, BF 2004). 
Torsion with confining pressures in the region of 100 – 400 MPa has mostly been done for 
rock deformation purposes [Bar 2003, Bar 2004, Cas 1998, Hei 2001, Hei 2003, Pat 2000, Pie 
2001a, Pie 2001b, Ryc 2003]. The differences to HPT with p > 1 GPa are as follows: the cy-
lindrical samples have a diameter and length of about 10 mm or more, the deformation tem-
perature can be well above room temperature (up to 1600K) and the strain rates are generally 
lower (smaller than 10-3 s-1). The reason for using torsion in the field of rock deformation is, 
that strains can be achieved comparable to those, which act upon rocks in the earth’s crust and 
upper mantle, and deformation in these lithospheric zones is often localized into so-called 
shear zones.  
 
 
 
 
 
 
 
4
1.3 NiAl 
 
1.3.1 Basic properties 
 
In [SS 1996] a detailed review describes the physical and mechanical properties of NiAl. A 
short summary will be given here. 
The intermetallic compound NiAl has been the subject of materials research since 1950. Its 
combination of a high melting point (TM = 1955 K [Wal 1993]) in conjunction with a low 
density (5.85 g/cm3) [Mir 1993] and good corrosion resistance make it a possible candidate 
for a wide range of high-temperature applications. Furthermore, because of its stable and 
well-defined surface structure on an atomic level NiAl may be applied in electronic devices. 
The most serious drawback that limits the range of structural applications of NiAl so far, is its 
brittleness at low temperatures and poor creep resistance at high temperatures. 
The cubic unit cell of NiAl has a B2 (CsCl) structure (Figure 1 - 2 upper right) with a lattice 
constant of 0.2887 nm (stoichiometric case). Depending on the temperature the homogeneity 
range is between 45at% Ni up to about 60at% Ni. 
 
1.3.2 Mechanical behaviour 
 
Plastic deformation is characterized by the movement of dislocations along a slip system, 
which can be described by assigning a slip plane {hkl} and slip direction / Burgers vector 
<uvw> to it. For single crystalline (SC) NiAl deformed in compression or tension, orienta-
tions close to <100> are called “hard orientation”, while all crystals with non-<100> orienta-
tions are referred to as “soft oriented”. A summary of slip systems activated in NiAl single 
crystals is given in Table I [SS 1996].  
 
Table I: Main slip systems activated in compression or tension of single crystalline NiAl subject to 
initial orientation and temperature. 
Temperature range Slip direction Slip plane 
   
“soft“ orientation 
   
all temperatures <100> {011}, ({001}) 
   
“hard“ orientation 
   
below about 600 K <111> {011}, ({112}, {123}) 
above about 600 K <110> {011} 
 
Polycrystalline plasticity is most commonly described by the Taylor model [Tay 1938], ac-
cording to which all grains of a polycrystalline aggregate deform in a way that resembles the 
macroscopic shape change. The von Mises criterion [VM 1928] states that five independent 
slip systems are needed to ensure general plastic deformation (“full constraints” (FC) Taylor 
model). If the number of fixed components within the deformation tensor is reduced (“relaxed 
constraints” (RC) Taylor model), less than five independent slip systems are needed. 
Figure 1 - 2 shows the critical resolved shear stress (CRSS) of the three main slip systems in 
NiAl as a function of temperature. There are three independent slip systems of type 
{110}<100>, which is the slip system with the lowest CRSS (primary slip system). The low 
temperature type of secondary slip systems is of type {110}<111> and changes to 
{110}<110> at high temperatures with five and two independent slip systems, respectively. 
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Because of the insufficient number of independent primary slip systems, for a homogeneous 
deformation of a polycrystalline aggregate with a random texture secondary slip is necessary 
too in order to satisfy the von Mises criterion. At temperatures below the dashed line, which 
marks the Brittle to Ductile Transition Temperature (BDTT), the CRSS of the secondary slip 
system is significantly higher than that of the primary slip system. This leads to poor ductility, 
because the fracture stress is reached before the activation of secondary slip. For higher tem-
peratures, the CRSS ratio between the primary and secondary slip systems decreases and 
therefore the ductility of NiAl increases. 
Attempts have been undertaken in order to improve room temperature (RT) ductility of poly-
crystals. One strategy is to lower the CRSS of the secondary slip systems, e.g. by reducing the 
stacking fault energy through alloying, in order to promote non-<100> slip. Results for mi-
croalloying have been unsatisfactory, because alloying elements increase the BDTT [SS 1996, 
p. 237]. In the case of macroalloying no increase in RT ductility has been observed either [SS 
1996, p. 240]. Another approach is based on changing the microstructure, e.g. through grain 
refinement [Cot 1958]. Investigations state, that a grain size of 1 µm or lower is needed to 
increase RT ductility significantly [SS 1996, p. 242]. 
 
 
Figure 1 - 2: Temperature dependence of the critical resolved shear stress of the three main slip sys-
tems of NiAl. In the upper right corner, the unit cell of NiAl is shown. Inside the unit cell, three Bur-
gers vectors and the {110} slip plane are indicated. The dashed line marks the Brittle to Ductile Tran-
sition Temperature (BDTT). The numbers indicate how many independent slip systems exist for the 
respective slip system family. 
 
1.3.3 Textures 
 
An introduction on texture is given in chapter 3.5. The results of texture measurements on 
NiAl deformed by extrusion, rolling and compression are summarized in this chapter. In 
[Dym 1992] a mechanically alloyed powder and a cast sample were extruded (1673K, reduc-
tion 16:1) and a <110> and <111> fibre parallel to the extrusion axis, respectively, was re-
ported. In [FB 1998] samples were deformed by different routes: a) high-temperature com-
pression + annealing followed by compression between T = 773K and 1473K, b) high-
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temperature extrusion (1373K, 8:1) followed by compression between T = 773K and 1473K, 
c) high-temperature extrusion (1373K, 8:1) followed by warm rolling up to 90% between T = 
743K and 1023K. For a) the texture after compression + annealing was a <111> and <110> 
fibre parallel and perpendicular to the compression axis, respectively. After the second com-
pression step a <111> fibre parallel to the compression axis developed for both initial tex-
tures. For b) the texture after extrusion was a <111> fibre parallel to the extrusion axis and did 
not change after compression. For c) the texture after extrusion, a <111> fibre parallel to the 
compression axis, changed to {332}<113> and {111}<110> components after rolling ({hkl} 
and <uvw> parallel to the rolling plane and rolling direction, respectively). In addition sam-
ples were annealed after deformation at T = 973K, 1173K and 1373K. In case a) and b) the 
texture did not change, i.e. the <111> fibre remained dominant. In case c) the annealing tex-
ture changed to {111}<110> + {110}<110>. [Cott 1995] deformed samples by extrusion 
(1273K, 7:1 and 1400K, 16:1) and compression. The <111> fibre texture did not change by 
the compression tests, similarly to [FB 1998] (see case b)). [Bow 1993] investigated powder 
samples of pure NiAl as well as of NiAl + alloying elements, which were fabricated by extru-
sion (1303K, reduction in area 16:1) and hot pressing (1263K, 112 MPa, 1h), respectively, 
and subsequent hot rolling. After extrusion, a <111> fibre texture parallel to the extrusion axis 
was observed. Rolling lead to an increase of the intensity of the <111> fibre and a 
{111}<112> component, respectively, depending on the composition. [Mar 1993] extruded 
samples in two steps: conventional (1173K, reduction 16:1) and hydrostatically at different 
fluid pressures and temperatures (room temperature (RT) and 573K). As in previous reports, a 
<110> fibre parallel to the extrusion axis was reported. Beside that, a <111> fibre occurred as 
well, which was claimed to be due to dynamic recrystallization ([Gar 1998] also observed a 
<110> and <111> fibre parallel to the extrusion axis after extrusion and annealing, respec-
tively.). The RT-extruded sample did not show a change in texture and only a the front part of 
the billet was extruded. The other sample (extruded at 573K) showed a texture change with 
the <111> fibre disappearing and only the <110> fibre remaining. [Lee 1994] reported a tex-
ture change from {110}<110> (after extrusion through a rectangular die at T = 1422 – 1505K) 
towards {111}<112> after hot rolling (1223K). In [Per 2000] extruded and subsequently an-
nealed samples were investigated. A {111}<110> component and a <110> fibre texture de-
veloped after extrusion through a rectangular and round die, respectively. Annealing at T = 
973K – 1123K for up to 48h lead to recrystallization and a change in the texture from 
{111}<110> to {111}<112> and from a <110> fibre to a <111> fibre, respectively. Recrystal-
lization was not complete, so the deformation textures were also visible beside the recrystalli-
zation texture. [Skr 2002] found a <111> fibre and {110}<110> component (similar to [Lee 
1994]) after extrusion through a round die at T = 1373K and a rectangular die at T = 1473K, 
respectively. Samples were deformed in compression with <100>, <110> and <111> parallel 
to the compression axis with <100> and <111> being stable and <110> moving towards 
<111>. In [Skr 2004] <100> and <110> single crystals were deformed by extrusion through a 
round die at T = 1273K. The deformation texture is characterized by an orientation spread 
mainly about the extrusion axis and a texture change from the centre to the edge of the sam-
ple. Table II summarizes the textures of NiAl observed so far for different thermo-mechanical 
treatments. 
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Table II: Main textures of NiAl (MA = mechanically alloyed, ED = extrusion direction, RR = reduc-
tion ratio, CD = compression direction, RD = rolling direction, TR = thickness reduction in rolling, 
C = compression, A = annealing) 
Texture Deformation 
mode 
Deformation 
parameters 
Reference 
MA sample, 1673K, 
RR = 16:1 
[Dym 1992] 
 
1373K, RR = 8:1 [FB 1998] 
1173K, RR = 16:1 [Mar 1993] 
1423K, RR = 12:1 [Gar 1998] 
<110> fibre || ED Extrusion through round die 
1273K and 1473K [Per 2000] 
1673K, RR = 16:1 [Dym 1992] 
1373K, RR = 7:1 
1400K, RR = 16:1 
 
[Cott 1995] 
 
<111> fibre || ED 
 
 
 
 
 
Extrusion through round die 
 
 
 
 
 
1303K, RR = 16:1 
1373K, RR = 7:1 
[Bow 1993] 
 
<111> fibre || CD compression 1363K, 112 MPa, 1h 
 
[Bow 1993] 
<111> fibre || CD Compression & annealing C: 1173K, ε = 75% 
A: 1173K, t = 1h 
[FB 1998] 
1422 – 1505K, RR = 
16:1 
[Lee 1994] 
 
{110}<110> 
 
 1473K, RR = 7:1 [Skr 2002] 
{111}<110> 
Extrusion through rectangular 
die 
 
1323K [Per 2000] 
{110}<110> Extrusion through rectangular 
die + annealing 
A: 1073K, t = 15 min [Per 2000] 
{332}<113> and 
{111}<110> 
743K – 1027K, TR = 
50% - 90% 
[FB 1998] 
 
<111> fibre || RD 1092K, TR = 75% [Bow 1993] 
{111}<112> 
rolling 
1223 K [Lee 1994] 
{110}<110> and 
{111}<110> 
Rolling + annealing A: 1173K – 1573K,  
t = 90 min 
[FB 1998] 
<111> fibre || ED Extrusion through round die + 
annealing 
 
A: 1073K, t = 30 min 
[Gar 1998] 
[Per 2000] 
 
 
1.4 Objectives of the thesis 
 
Torsion in the pressure range of about 400 MPa has only been performed in the field of rock 
deformation. A detailed analysis of the mechanical behaviour of intermetallic compounds and 
its physical and mechanical properties as a result of this deformation mode has not been done 
yet with this setup. Therefore, in this study polycrystalline NiAl has been subjected to torsion 
deformation. By this deformation mode high shear strains (γmax ≈ 18 in this study) can be im-
posed on the sample. The deformation conditions are well-defined because of the local de-
formation mode, which is simple shear. Due to the monoclinic sample symmetry one half of 
the pole figure is needed in order to obtain the complete texture information, which is more 
than is needed e.g. by extrusion or rolling. Therefore, texture analysis might be more sensitive 
with respect to texture components. Furthermore, in torsion the amount of shear strain (and 
shear strain rate) changes along the sample radius. The shear strain gradient makes the analy-
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sis of different stages of deformation on the same sample possible. Another characteristic be-
ing special for torsion is that samples change their length, although no axial stress is applied. 
This effect is known as Swift effect. The microstructure and texture development subject to 
shear strain are studied by different techniques. By using Electron Back-Scatter Diffraction 
(EBSD) in a scanning electron microscope (SEM) it is possible to scan an area point by point 
and hereby obtain information on the orientation of a single point and misorientations be-
tween adjacent points. Parameters characterizing the microstructure such as grain size, distri-
bution of grain boundaries and inclination of grains due to shear deformation as well as the 
local texture can be analyzed. Furthermore, local texture measurements can be done by dif-
fraction of High Energy Synchrotron Radiation (HESR), a new technique, which has advan-
tages compared to EBSD, e.g. in terms of grain statistics. In this study the HESR technique 
will be applied for the first time to NiAl and conclusions on its suitability will be drawn. Be-
side the development of microstructure and texture with shear strain, the effect of the initial 
texture as well as the deformation temperature on the development of texture and microstruc-
ture constitute an important part of this study. Therefore, samples with three different initial 
textures were deformed in the temperature range of 700K to 1300K. The results will give in-
sight into the microstructure and texture development during torsion deformation of a highly 
anisotropic intermetallic compound. Dynamic Recrystallization (DRX) is likely to occur in 
this range of deformation temperatures and therefore the discussion of microstructure and 
texture formation will be based on models dealing with DRX. Since it is known that SPD 
leads to a fine-grained structure, it will be of special interest to see how far this refinement 
goes with this special setup. Another interesting aspect is related to the creep behaviour of 
NiAl. The necessary creep parameters (stress exponent, activation energy) can be obtained 
from temperature and strain rate changes. Based on these parameters conclusions on the creep 
mechanism can be drawn. Furthermore, the results can serve as a test of deformation and tex-
ture simulation programs, which still are in continuous development. 
 
1.5 Organisation of the thesis 
 
This thesis is an experimental study of the microstructure and texture of the intermetallic 
compound NiAl under torsion deformation. Experimental results will be discussed within the 
scope of deformation and recrystallization models. 
Chapter 1 gives a basic introduction into the fields of torsion and the material. 
Chapter 2 deals with various aspects of torsion deformation. 
Chapter 3 describes the experimental and analytical methods used (torsion deformation, 
EBSD and high energy synchrotron radiation, texture simulation) and focuses on the specific 
aspects of each technique. A further subchapter deals with the representation of textures. 
Chapter 4 is the main chapter which summarizes the experimental results in terms of micro-
structure, texture, creep and the Swift effect. 
Chapter 5 consists of several parts, in which the experimental results will be discussed com-
prehensively. 
Chapter 6 finally gives the conclusions. 
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2 General aspects of torsion deformation 
 
      
Figure 2 - 1: (a) Optical micrograph of a torsion deformed NiAl sample. The sample has been en-
closed in a steel jacket, the strain markers of which indicate shear deformation. (b) Schematic sketch 
of a torsion sample of length l, which has been twisted by the angle Θ. A shear plane (grey area) and 
shear direction (blue arrows) are indicated.  
 
Figure 2 - 1a shows an optical micrograph of a torsion deformed sample. The lines on the 
sample surface, which are inclined with respect to the torsion axis, are so-called strain mark-
ers. Those markers were initially parallel to the torsion axis. They indicate that homogeneous 
shear deformation takes place during torsion, the shear sense of which is indicated by arrows. 
Being indicated macroscopically, the local deformation mode is also a type of shear deforma-
tion. In the case of torsion it is called simple shear (Figure 2 - 2). A square is deformed into a 
parallelogram such that lines parallel to the X direction remain parallel to it and maintain their 
length, while lines parallel to Y lengthen and become inclined to that direction. The middle 
plane (indicated by a dashed line) of the square does not move, while all points above this 
plane move in +X and all points below move in –X direction with the amount of displacement 
increasing as the distance from the middle plane becomes larger. The inscribed circle is de-
formed into an ellipse. In the lower part of that figure it is shown, that the shape change dur-
ing simple shear can be described by the consecutive operation of two alternative deformation 
steps, one being deformation by pure shear and the second one being a rigid body rotation. 
During pure shear a square is deformed into a rectangle, i.e., there is lengthening in one direc-
tion, while there is shortening in the normal direction. The term pure shear results from the 
fact, that the two blue diagonals of the square undergo a shear deformation. 
 
(a) (b)
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Figure 2 - 2: Deformation of a square with an inscribed circle by simple shear and pure shear + rigid 
body rotation, respectively. 
 
Figure 2 - 3: Definition of shear angle α and inclination angle Φ’ in simple shear (X = shear direc-
tion, Y = shear plane normal). 
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Deformation by simple shear is described by angles (Figure 2 - 3), which are related to the 
shear strain γ. The shear angle α and the inclination angle of the grain long axis with respect 
to the shear direction Φ’ can be calculated as [RH 1983]: 
 
arctan( )α γ=  
 
1 2' arctan
2 γ
⎛ ⎞
Φ = ⎜ ⎟
⎝ ⎠
  
 
In Figure 2 - 1b, a schematic sketch of a cylindrical torsion sample is shown. The shear strain 
γ depends on the twist angle Θ, the sample length l and the distance from the sample middle r 
according to [Pat 2000] 
 
r
l
γ Θ=  
 
If Θ and l are kept constant, γ only depends on r. This means, that there is a shear strain gradi-
ent along the sample radius with a value of zero at the centre of the sample and its maximum 
value at the sample edge. Thus torsion deformation is characterized by an inhomogeneous 
deformation in terms of shear strain and shear strain rate across the sample in radial direc-
tion.  
 
Figure 2 - 4: Schematic pole figures for different deformations. Left: Extrusions through a round die. 
The axial sample symmetry leads to a fibre texture (z = extrusion direction). Middle: Rolling, which is 
characterized by orthorhombic sample symmetry (x = rolling direction, z = rolling normal). Right: 
Torsion, the pole figure shows monoclinic symmetry (x = shear direction, z = shear plane normal). 
 
Figure 2 - 4 shows three schematic pole figures with different symmetries, which reflect the 
sample symmetry. This symmetry is axially symmetric and orthorhombic in the case of extru-
sion through a round die and rolling or extrusion through a rectangular die, respectively. In 
the case of torsion, the sample symmetry is monoclinic due to simple shear deformation.  
 
 
(2.1)
(2.2)
(2.3)
 
 
 
12
3 Material and experimental methods 
 
3.1 Material 
 
The polycrystalline NiAl samples investigated had a nearly stoichiometric composition 
(<100>: 50.3 at%Ni, 49.7at%Al; <110> and <111>: 50.2 at%Ni, 49.8at%Al). Depending on 
pre-deformational history, there were different initial preferred orientations (Table III). Sam-
ples with initial <111> orientation have also been obtained by recrystallization of <110> ex-
trusion samples [Per 2000]. Torsion samples were prepared by cutting cylinders with length 
and diameter of 10 mm from the extruded rods. Pole figures ((100), (110) and (111)) were 
measured by neutron diffraction at the GKSS Research Centre Geesthacht. In Figure 3 - 1 the 
(100) pole figures of the three different initial preferred orientations parallel to the torsion axis 
are shown. Since the whole sample has been radiated by the neutron beam, the pole figures 
represent the global texture. The microstructure consists of equiaxed grains with an average 
grain size of about 50 µm (Figure 3 - 2). 
 
Table III: Characteristics of starting samples 
Fabrication prior to 
torsion 
Sample preparation Preferred orientation 
|| torsion axis 
Sample symmetry 
of texture 
 
extrusion through 
rectangular die 
 
Torsion axis at an angle of 
45° with respect to extru-
sion direction and normal 
to transverse direction 
 
<100> 
 
orthorhombic 
 
extrusion through 
round die 
 
Extrusion direction || 
torsion axis 
 
<110>, <111> 
 
axially symmetric 
 
 
 
 
Figure 3 - 1: (100) pole figures of the initial textures with respect to the torsion axis in the centre of 
the pole figure. (a) “cube” texture, (b) <110> fibre texture, (c) : <111> fibre texture. Intensities are 
given in multiples of a random distribution (mrd). 
 
 
 
 
(a) (b) (c) 
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Figure 3 - 2: Backscatter electron image of (a) microstructure of <110> sample, (b) microstructure of 
<111> sample after annealing (8h, 1173K). Both BSE images were taken parallel to the extrusion 
direction. 
 
3.2 The torsion test 
 
Deformation through torsion was done with a Paterson rock deformation machine (Figure 3 - 
3). A detailed description of the construction and the operation of this machine can be found 
in [Pat 2000]. All tests have been done at the Geo Research Center Potsdam. The sample col-
umn contains the sample itself as well as spacers and pistons made of Al2O3. By choosing this 
strong material, only the sample is expected to deform during torsion. All parts are enclosed 
in a thin steel jacket (Figure 3 - 4). The bottom end of the assembly is fixed to the pressure 
vessel, while the ridged upper end is interlocked with the lower end of the external load cell. 
The temperature inside the furnace can be regulated, so that there is a flat temperature profile 
(± 2K) in the sample region. A thermocouple, which is located about 3mm above the top of 
the sample, monitors the temperature. The sample chamber is filled with Argon gas yielding 
the confining pressure (CP). Since the sample is deformed under a high CP the sample col-
umn and furnace are enclosed into a pressure vessel. The CP, which can be held constant 
within 3 MPa, creates large contact forces between the parts of the sample assembly as well 
as between the external load cell and the upper end of the sample assembly. Due to this, a 
torque can be transmitted to the sample by friction through the movement of the torsion actua-
tor. The torque is limited by possible slipping between the components of the sample column. 
Table IV shows the deformation parameters according to the machine specifications and the 
deformation conditions used in this study. 
(a) (b)
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Figure 3 - 3: Sketch of the Paterson rock deformation machine with the main components for torsion 
tests indicated [Bar 2003].  
 
 
 
Figure 3 - 4: Sample assembly with steel jacket (top), sample + spacers + pistons (middle) and closed 
assembly with lower (left hand side) and upper (right hand side) end 
 
 
5 cm 
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Table IV: Specifications of the Paterson rock deformation machine [Bar 2003] and deformation con-
ditions used 
Deformation parameters Machine specification This study 
   
temperature [K] 273 – 1600 700 – 1300 
confining pressure [MPa] 0 - 500 400 
maximum shear strain 0 - ∞ 0 – 19 
maximum shear strain rate  
[s-1] 
5 x 10-6 – 5 x 10-3 3.6 x 10-5 and 1 x 10-4 
 
During the torsion experiments, the twist rate 
•
Θ  and shear strain rate 
•
γ  ( r
l
γ
• •
= ⋅Θ ) at a given 
radius, respectively, are held constant. The number of revolutions N varied from 3 up to 5. 
The torque M and the twist angle Θ are recorded.  
Under the assumption that the shear strain rate 
•
γ  follows a power-law relation 
exp( )n QA
RT
γ τ
•
= −  
 
(A = material constant, τ = shear stress at a given radius r, n = stress exponent, Q = activation 
energy, R = gas constant and T = absolute temperature), the torque can be converted into a 
shear stress for a known stress exponent according to 
 
3
02
14 3
rM
n
π τ
=
⎡ ⎤+⎢ ⎥⎣ ⎦
 
 
(r0 = sample radius). In the case of n = 1 and n → ∞ the factor in brackets containing n is 
equal to 4 and 3, respectively. Combining equations (3.1) and (3.2), the stress exponent and 
activation energy can be determined graphically: 
 
ln ln ( .)
ln ln
d dn T const
d d M
γ θ
τ
• •
= = =  
 
( ln ) ( .)
1
nk d MQ const
d
T
θ
•
= =
⎛ ⎞
⎜ ⎟
⎝ ⎠
 
 
Therefore, n and Q can be obtained by varying the twist rate (at constant temperature) and the 
temperature (at constant twist rate), respectively. In Figure 3 - 5a, an experimental momentum 
– time curve with several steps corresponding to these variations is shown. Figure 3 - 5b 
shows a magnification of the blue rectangular section together with the respective strain rate 
and temperature curves. The shear strain rate was reduced to 4/7 and 2/7 of the original rate. 
The temperature was stepped +30K above the test temperature and back. There are additional 
steps, during which the momentum drops to zero. These steps were necessary in order to 
measure the sample length. This is done by moving up a sensor at the bottom of the pressure 
cell, until it touches the assembly. By the distance of the moved sensor conclusions can be 
drawn on the total shortening or lengthening of the sample.    
(3.1)
(3.3)
(3.4)
(3.2)
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After deformation all samples were cooled under load with 30 - 40K/min for the first 100 - 
300K, and then with >40K/min down to room temperature within about 15 min. 
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Figure 3 - 5: (a) Momentum-time curve for torsion deformed NiAl sample with unloading/loading as 
well as strain rate and temperature steppings, (b) Magnification of blue rectangular section of (a) and 
related strain rate (red curve) and temperature profile (blue curve).  
 
 
 
 
(a) 
(b)
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3.3 Electron Backscatter Diffraction (EBSD) 
 
3.3.2 Measurements by EBSD 
 
Since its first use in the 1970s, EBSD has become one of the most important methods for 
measuring orientations in crystalline materials. The experimental setup is shown in (Figure 3 - 
6a). The sample is tilted about 70° towards the electron beam. Electrons are scattered elasti-
cally below the surface and interact with all lattice planes in the respective area. For each lat-
tice plane there are two diffraction cones. Due to the very small exit angle of the electrons the 
cones are visible as a line pair on a phosphor screen, which is called Kikuchi band. The loca-
tion of the respective diffracting plane is in the middle of the Kikuchi band. The entirety of 
Kikuchi bands at a measured point results in a Kikuchi pattern (Figure 3 - 6b), which is corre-
lated with the orientation of the crystallite. 
Measurements were done on a Zeiss DSM 962 (Institut für Strukturphysik, TU Dresden) and 
a LEO 1530 (Institut für Festkörper- und Werkstoffforschung Dresden) scanning electron 
microscope.  
 
 
       
 
Figure 3 - 6: (a) Basic EBSD setup. (b) Kikuchi pattern. 
 
For each sample, five to six longitudinal tangential sections (see Figure 3 - 8) were prepared. 
At each section, orientation measurements, which will be referred to as “mappings”, were 
done by scanning a selected sample area. All measurements were PC controlled with the pro-
gram CHANNEL 5 (HKL company). If not stated otherwise, the step sizes were 4 µm (Zeiss) 
and 0.7 µm (LEO). 
The mapping area is limited due to the torsion geometry; Figure 3 - 7 shows the problem. The 
shear direction (arrows) is the tangent of a circle of constant shear strain. Within the meas-
urement area (black rectangle), the shear direction varies. Therefore, this area has to be cho-
sen in such a way, that on one hand this variation is minimal and on the other hand the area is 
still representative, e.g. in terms of grain statistics. Despite this constraint, the longitudinal 
tangential section is best suited for the measurements. Especially the lengthening of the grains 
and the inclination of their long axis due to shear deformation can be only seen in this section. 
 
(a) (b)
 
 
 
18
 
 
Figure 3 - 7: Variation of the shear direction in torsion. Arrows = shear direction,  dotted lines = 
longitudinal tangential sections, rectangle = measurement area. 
 
3.3.1 Sample preparation for EBSD 
  
In Figure 3 - 8 three possible cutting sections are shown. In this study, thin longitudinal tan-
gential sections have been cut at different positions across the sample, i.e., along the shear 
strain gradient. In order to perform the measurements, a special sample preparation consisting 
of grinding and polishing steps is necessary: 
 
1. mounting of samples into a two-component epoxy system, which consists of a con-
ducting and an insulating layer (An electrical connection between sample and mount-
ing material is needed for electrolytic polishing. If there is only a conducting layer 
around the sample, the polishing results are unsatisfactory, because the polishing cur-
rent flows through the sample as well as through the mounting material. An additional 
insulating layer around the sample is necessary to ensure optimal polishing results.) 
2. grinding with SiC paper, decreasing particle size with each grinding step 
3. surface polishing with fused alumina (particle size 1 µm, t = 10 min) 
4. electrolytic polishing (composition of polishing solution: 88.3vol.% ethanol, 
11.7vol.% perchloric acid (60%)), polishing parameters: T = 248K (-25°C), U = 30V, 
tP = 10s)  
5. cleaning in an ultrasonic bath (10 min each in acetone and ethanol) 
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Figure 3 - 8: Different cutting sections of a torsion sample. 
 
3.3.3 General remarks on data analysis 
 
The analysis of the microstructure was done by using the program TANGO (HKL company) 
[HKL HP]. Two kinds of information obtained by the measurements have been used: 
 
a) from the orientations the Euler angles and the texture are obtained 
b) from the misorientations between adjacent points misorientation distributions and 
grain boundaries are obtained. 
 
During the measurement, the following cases of orientation determination are possible (in this 
study referred to as “indexing”): 
 
1. the measured point is indexed correctly, 
2. the measured point is indexed, but its orientation is different from the adjacent 
points (this is called “wild spike”), 
3. the measured point is indexed, but misindexing due to pseudosymmetry oc-
curs, 
4. the measured point is not indexed. 
 
A mapping consists of measured points, which fall into the above mentioned categories. The 
complete microstructure can be reconstructed from the incomplete mappings in such a way 
that points of category 4 will be replaced by indexed points. The analysis software does that 
by collecting the orientation information of the Nearest Neighbours (NN) of a point, which is 
 
 
 
 
20
not indexed and based on that information calculates an orientation for this point. The level 
can be set from one to eight NN (this study: four NN). Wild spikes are removed similarly. 
The data correction for points of category 3 is more detailed. The data acquisition program 
CHANNEL 5 gives information on the crystal symmetry and the intensities of allowed reflec-
tions for a given material. The measured Kikuchi pattern is compared with theoretical pat-
terns, which are based on the information mentioned above. A number, which is called MAD 
factor (MAD = Mean Angle Deviation), is a measure of the deviation between the measured 
and theoretical patterns. The theoretical pattern, for which this factor is minimal, is assigned 
to the measured point. This procedure can lead to misindexing, if there are several possible 
theoretical patterns, which are only slightly different in terms of the MAD factor. This espe-
cially applies for pseudosymmetry, where two or more orientations cannot easily be distin-
guished due to an apparent n-fold rotation axis. In the case of NiAl, a <111> direction near 
the centre of the pattern causes pseudosymmetry (Figure 3 - 9) for instance. It apparently has 
6-fold symmetry, but <111> in fact is a 3-fold axis. The patterns, which develop through a 
rotation by 60° about <111>, are almost similar. Therefore, they are therefore difficult to dis-
tinguish, if the weaker lines, which break the pseudosymmetry, are not detected by the pro-
gram. Misindexed points can be detected in the mapping by looking e.g. for <111>-60° grain 
boundaries. Similarly, a <100> direction near the centre can lead to misindexing because of 
its apparent 8-fold symmetry. 
 
    
 
Figure 3 - 9: Theoretical Kikuchi patterns for the B2 structure. (a) <100> pole near centre, the pat-
tern apparently has an 8-fold symmetry, (b) <111> pole near centre, the pattern apparently has a 6-
fold symmetry. 
 
The reduction of misindexed points can be done in several ways: 
 
a) Exclusion of grain boundaries (GBs) (Figure 3 - 10a,b) 
 
There is an option in TANGO, which allows to exclude grain boundaries connected with 
pseudosymmetry of the Kikuchi-pattern. This is helpful when trying to analyze the micro-
structure in terms of grain size or grain inclination of the grain long axis. Areas, which con-
tain such boundaries, are assigned to another grain or are counted as one grain. In this study, 
<111>-60° and <100>-45° grain boundaries have been excluded, with a spread of 5° about the 
misorientation angle and axis.  
 
 
(a) (b)
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b) Removal of systematically misindexed points (Figure 3 - 10c) 
 
By using another option of TANGO, misindexed points are rotated into the most common 
orientation within the respective grain. This affects the texture as well as the misorientation 
distribution. The rotation level was set one mark below high and the removal has been done 
once for every mapping. 
 
c) Removal of the smallest grains 
 
As can be seen in Figure 3 - 10c, there are still points left, which are very likely to be misin-
dexed. It is noticeable, that mostly clusters consisting of grains with sizes from 1 up to 3 pix-
els (the side length of one pixel is equal to the step width) fall into this category. Those small-
est grains have been removed from the grain statistics for all mappings. 
 
The microstructural analysis has been done exclusively on reconstructed mappings. 
 
 
     
 
 
Figure 3 - 10: Misindexing in NiAl due to pseudosymmetry (<110>, 1000K). The scale bar corre-
sponds to a length of 200 µm. Only high angle grain boundaries are shown. <111>-60° and <100>-
45° grain boundaries are coloured red and green, respectively. (a), (b) exclusion of grain boundaries: 
in the grain coloured in dark green grain boundaries have been excluded and this area is assigned to 
one grain. (c) mapping after removal of systematic misindexing (1 step, level one mark below high) 
 
Grain size and misorientation distribution 
 
The TANGO software offers the possibility to calculate a grain size distribution as follows. 
The area belonging to one grain is detected based on the grain boundaries. The grain size 
therefore depends on the lower threshold for the misorientation. In this study, grain bounda-
ries are classified as low angle grain boundaries (LAGB), if their misorientation angle θ is 
between 3° and 15° and as high angle grain boundaries (HAGB), if their misorientation angle 
(a) (b) (c) 
 
 
 
22
θ is larger than 15°. LAGBs determine the subgrain structure and subgrain size, while 
HAGBs determine the grain structure and grain size. Each grain is fitted by an ellipse. The 
grain size is determined as the diameter of a circle, the area of which is equal to the area of 
this ellipse. Based on the misorientation between neighbouring points in a map, a frequency 
distribution can be created. In this study, the microstructure will be characterized by the fre-
quency of LAGBs. 
 
Grain shape foliation and grain aspect ratio 
 
According to chapter 2, during deformation by simple shear grains change their shape from 
being initially spherical to elliptical and their long axis becomes inclined with respect to the 
shear direction (see Figure 2 - 3) defining a grain shape foliation. Equation (2.2) correlates the 
inclination angle with the shear strain. In TANGO, the inclination of the long axis with re-
spect to the shear plane is calculated for each elliptically fitted grain. The analysis has been 
done in two ways: 
 
• The arithmetic mean value of the inclination of the grain long axis was calculated 
from the grain distribution 
 
• The average inclination has been obtained graphically by using the Rf - Φ’ method 
[RH 1983] with Rf being the final grain aspect ratio of the long and short axis of the 
ellipse and Φ’ being the inclination angle. Φ’ ranges from –90° to +90°. 
 
The mean inclination angle can be compared to the theoretical values according to equation 
(2.2) in order to verify, if the deformation mode is only simple shear. Grains with up to three 
pixels and aspect ratios ≤ 2 were not taken into account for this analysis. 
The result of the Rf - Φ’ method is a plot of the inclination angle as a function of the aspect 
ratio (Figure 3 - 11). By this definition Rf ≥ 1 for all strains. During simple shear deformation, 
the aspect ratio is expected to increase. As a result, grains with the highest imposed shear 
strains should have the largest aspect ratios. Undeformed or recrystallized grains are expected 
to have low aspect ratios in the range of 1 – 2 and therefore can be separated from the “purely 
deformed” grains. This is why these grains were not included in this analysis. 
 
 
Figure 3 - 11: Rf -Φ’ plot for torsion deformed <100> NiAl sample (800K, γ = 14). The red envelope 
curve is of Gaussian type. 
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There exists an angle Φ’, at which Rf is maximum or around which the data are concentrated. 
The envelope curve, by which the data are fitted, is of Gaussian type. The peak position of the 
envelope curve corresponds to the average inclination angle. In order to generate this curve, 
the data were subdivided into intervals ΔΦ’ = 0.1°. From each of the intervals the respective 
maximum value of Rf was extracted. In the next step the actual fit was done. 
The grain aspect ratio is calculated by TANGO for each grain as well. The average value cal-
culated from this distribution can be compared with that for “pure deformation” [RH 1983]: 
 
( )2 21 2 42
a
c
γ γ γ= ⋅ + + +   
 
(a = grain long axis, c = grain short axis of the elliptical grain) 
 
3.4 High energy synchrotron radiation (HESR) 
 
3.4.1 Properties of synchrotron radiation 
 
Charged particles, which move on a circular or helical path within a magnetic field, experi-
ence a radial acceleration of constant magnitude. The electromagnetic radiation emitted is 
called synchrotron radiation. This effect was regarded as a drawback in particle accelerators, 
because the particles lose energy due to the emission of synchrotron radiation and it therefore 
limits their maximum speed. It took until the 1960s, when synchrotron radiation was discov-
ered as being ideally suited for investigating the structure of a wide range of materials and it 
has become a very powerful method in all fields of natural science today. 
 
Table V: Penetration depth of photons with different energies for various metals [Wci 2002]. 
photon energy [keV] 10 50 100 200 
wavelength [nm] 0.124 0.025 0.0124 0.006 
  
material half value thickness 
     
aluminum 0.2 mm 1.1 cm 2.4 cm 3.3 cm 
titanium 10 µm 1 mm 6 mm 1.2 cm 
iron 5 µm 0.4 mm 2mm 6 mm 
copper 4 µm 0.3 mm 2 mm 5 mm 
tungsten 4 µm 60 µm 80 µm 0.5 mm 
lead 5 µm 90 µm 0.3 mm 1 mm 
 
Synchrotron radiation is characterized by some unique properties: 
 
• It is emitted in a wide range of energies (1 … 105 eV). Thus, many materials (espe-
cially those, which are sensitive to radiation) can be examined. In this study, the en-
ergy was chosen in the range E = 50 - 100 keV. Radiation with this energy is called 
high energy synchrotron radiation (HESR). 
• It is characterized by a very high intensity. This property enables very short measuring 
times (in this study the measuring time was in the range of a few seconds). 
• Synchrotron radiation is emitted in a cone in the forward direction tangent to the orbit 
in which the particle is moving. This cone gets narrower with increasing particle en-
(3.5)
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ergy. In the HESR range this results in a beam with a very low divergence (beam drift: 
0.2mm per meter flight length). 
• HESR has a much higher penetration depth than e.g. conventional X-rays (see Table 
V). It is therefore possible to irradiate a sample volume instead of just a sample area. 
This in turn significantly improves the grain statistics (for a comparison see Table 
XII). In this study, this property has been used to measure the texture in transmission 
mode. 
 
3.4.2 Sample preparation for local texture measurements 
 
 
 
Figure 3 - 12: Sample preparation for measurements by high energy synchrotron radiation. (a) loca-
tion of pin inside the torsion sample, (b) measurement volumes (indicated by cuboids) along the pin. 
A pin with dimensions 0.9 mm x 1.1 mm x 10 mm has been prepared from the middle of the 
torsion sample. The texture was measured at different positions along the pin (i.e. along the 
shear strain gradient) starting at the middle of the pin. The value of the given shear strain cor-
responds to the middle of the respective analyzed volume. 
 
3.4.3 Texture measurements with HESR 
 
All texture measurements were done at DESY-HASYLAB Hamburg at the experimental sta-
tions BW5 and W2. A detailed description of the BW5 setup can be found in [Wci 2002]. A 
shortened summary will be given in the following. 
The main parts of the experimental setup are shown in Figure 3 - 13. After being intensified 
by the wiggler system, the synchrotron beam enters the experimental station and is confined 
by the collimator. Between collimator and sample the monochromator (Si(111) imperfect sin-
gle crystal) and an optical bench are positioned, on which an absorber wheel, a diode (which 
can be moved in and out of the beam to measure the current) and two slits (which exactly de-
fine the beam cross section) are mounted. The beam then transmits the sample volume. Lat-
tice planes, for which the Bragg condition is fulfilled, will reflect the beam. In polycrystalline 
samples, there is a diffraction cone for each set of diffracting lattice planes (hkl). The intersec-
(a) (b)
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tion of each cone is recorded by an area detector (of the company MAR) as a Debye-Scherrer 
ring. It is the advantage of using this area detector to be able to simultaneously detect several 
complete Debye-Scherrer rings. The area detector is connected to a PC, which reads out the 
detector image. The measurement is PC-controlled and a macro controlling the sample 
movement and the read-out is used and adapted to the respective experimental conditions. The 
sample itself can be moved in the z-direction in order to access the different positions and can 
be rotated around the ω axis in order to get the complete texture information. In the case of 
monoclinic sample symmetry a rotation about 180° is needed, which was done in intervals Δω 
= 3°. The pin was rotated continuously and the intensity was summed up in intervals Δω ± 
1.5°, resulting in 61 images per sample position. This integral measurement was done in order 
to account for the low divergence and to ensure that every grain is detected in at least one of 
the images. The experimental parameters are listed in Table VI. 
 
 
Figure 3 - 13: Main parts of the experimental setup for texture measurements by HESR (X = shear 
direction, Y = shear plane normal, Z = transverse direction) 
 
Table VI: Experimental parameters for HESR texture measurements 
Parameter Value Remarks 
   
beam energy 50 keV (W2), 100 keV (BW5)  
collimator size 2 x 2 mm2  
slit size 2 mm in x-direction 
0.7 – 1 mm in z-direction 
x-dimension is larger than the sam-
ple size to account for slight tilting 
of sample during mounting. Thus, 
the sample never moves out of the 
beam 
ω range 0° - 180° in intervals Δω = 3°  
detector size Pixel size : 150 µm 
Diameter: 24 cm = 1600 x 1600 
pixel 
Size was chosen such that only the 
Debye-Scherrer rings necessary for 
the texture analysis were detected 
in order to minimize the read-out 
time. 
X 
Z 
Y 
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3.4.4 Data analysis 
 
As being described in chapter 3.4.3, for every position (z,ω) of the pin an image is recorded, 
which consists of a set of Debye-Scherrer rings. Each of the rings is the intersection of a dif-
fraction cone belonging to a family (hkl) of lattice planes. First of all, the respective Miller 
indices h, k and l have to be assigned to each of the measured rings. For cubic crystal symme-
try, they can be calculated from the interplanar spacing d: 
 
² ² ²
ad
h k l
=
+ +
 
 
(a = lattice parameter). 
Another equation to calculate d is given by the Bragg condition: 
 
2 sin( )n dλ θ=  
 
(λ = wavelength of the radiation, θ = Bragg angle, n = order of the diffraction maximum. In 
this study n = 1). 
The Bragg angle θ can be obtained by the experimental setup (Figure 3 - 14 left): 
 
1 arctan
2
x
D
θ ⎛ ⎞= ⎜ ⎟
⎝ ⎠
 
 
(D = distance sample-detector, x = distance of Debye-Scherrer ring from image centre) 
One of the detector images with indexed rings is shown in Figure 3 - 14 on the right hand 
side. The (100), (110) and (111) rings have been used for the texture analysis. 
 
      
Figure 3 - 14: (a) Calculation of Bragg angle 2θ, (b) Detector image of NiAl (<111>, T = 1000K). 
Miller indices (hkl) are assigned to each Debye-Scherrer ring. 
Further data analysis was done by using the program Rawtex (written by U. Garbe), which 
transforms the Debye-Scherrer rings into the corresponding pole figures (Figure 3 - 15). In the 
first step, the intensity along each ring is read out using a pie-piece like integration box with 
an angular width of 5° (Figure 3 - 15a). For each of the Debye-Scherrer rings, all background 
corrected values of intensity of each pixel in the integration box are summed up. In a second 
(100) 
(110) 
(111) 
(200) 
(210) 
(3.6)
(3.7)
(3.8)
(a) (b) 
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step, the pole figure coordinates of the integration box are calculated according to the proce-
dure given by Wcislak et al. [Wci 2002] and Bunge and Klein [Bun 1996]. The intensities of 
the resulting pole figure points lie on an irregular grid and have to be interpolated onto a regu-
lar 5° x 5° grid in order to calculate the orientation distribution function (ODF) (Figure 3 - 15b, 
c). The interpolation is done in such a way that for every point of the 5° x 5° grid the three 
nearest neighbours are determined. The distance weighted mean value of the intensities of 
these three points is assigned to the corresponding grid point. The pole figures are used to 
calculate the ODF with a program by Dahms and Eschner [Dah 1996]. The Euler angles are 
used in Bunge notation [Bun 1982]. 
 
 
Figure 3 - 15: Data analysis of HESR measurements. (a) Read out of the Debye-Scherrer rings by 
moving an integration box around the centre of the rings in steps of δ = 5°. (b) The intensity values of 
each box Δδ are converted into the corresponding pole figures (hikili) (simplified sketch for small 
Bragg angles). The arrows indicate the direction of increasing values of δ and ωn (ωn = angle after 
rotation of n steps of 3° around pin axis). (c) Interpolation on a regular grid: Magnification of the 
rectangular small area indicated in (b). The original and regular grid are shown by solid and open 
symbols, respectively. 
 
 
 
 
 
(a) 
(b) (c)
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3.5 Description and representation of textures 
 
According to Wassermann (1939) texture is “the entirety of crystallite orientations within a 
polycrystalline sample”. It is therefore directly related to the anisotropy of a material in terms 
of its mechanical and physical properties, e.g. elasticity and plasticity, hardness and strength, 
thermal expansion and conductivity, magnetization and corrosion resistance. The maximum 
possible anisotropy is reached in a single crystal. In polycrystals the anisotropy can be en-
hanced or reduced by adequate thermomechanical treatments changing the type and strength 
of texture. The case of isotropic behaviour occurs, if there is a random texture (i.e. all orienta-
tions are equally frequent). Texture research on metals started in 1910 by using X-ray diffrac-
tion. Several other experimental techniques, such as neutron and electron diffraction have 
been established since the 1950s and the field of investigated materials has expanded to rocks, 
ceramics and polymers. 
 
3.5.1 Coordinate systems and orientations 
 
The crystal Coordinate System (CS) is spanned e.g. by the three <100> directions. The sam-
ple CS is usually adapted to the geometry of the deformation process (e.g. in this study XS || 
shear direction, YS || transverse direction, ZS || shear plane normal) (Figure 3 - 16). 
An orientation can be described in different ways, for example 
 
• by a set of three angles ϕ1, Φ and ϕ2 (so called Euler angles, see chapter 3.5.3). 
• by introducing a crystal plane {hkl} || distinguished plane of the sample CS (e.g. shear 
plane) and a crystal direction <uvw> || distinguished direction of the sample CS (e.g. 
shear direction). 
 
 
Figure 3 - 16: Sample and crystal coordinate system (designated by indices S and C). In the case of 
cubic crystal symmetry, the axes iC (i = x, y, z) are parallel to the respective base vectors of the Bra-
vais lattice. 
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An orientation matrix g = g ({hkl}<uvw>) = g (ϕ1, Φ, ϕ2) transforms the sample CS into the 
crystal CS. If {hkl} and <uvw> are known, g results to: 
 
/ / /
/ / /
/ / /
u X q Y h Z
g v X r Y k Z
w X s Y l Z
⎡ ⎤
⎢ ⎥= ⎢ ⎥
⎢ ⎥⎣ ⎦
 ; ² ² ² ; ² ² ² ; ² ² ²X u v w Y q r s Z h k l= + + = + + = + +  
 
With <qrs> being a direction perpendicular to <uvw> and the plane normal of {hkl}. 
 
3.5.2 Pole figure and inverse pole figure 
 
  
Figure 3 - 17: Stereographic projection of a crystal direction 
 
Figure 3 - 17 shows one way of projecting a direction of a crystal in space onto a plane (here 
the equator). A pole sphere is constructed around the centre of this crystal. The intersection 
point of the crystal direction (normal of a lattice plane inside this crystal) on this sphere is 
called a pole (1, A). A line (2) is drawn from this point to the south pole. This line intersects 
the equatorial plane at point (B). This procedure is called stereographic projection. Angles on 
the sphere are preserved in the projection plane.  
A Pole Figure (PF) is the stereographic projection of the distribution of plane normals of a 
class of lattice planes (hkl) relative to the sample CS. An Inverse Pole Figure (IPF) in turn 
represents the frequency distribution of plane normals which are parallel to a given sample 
direction. Figure 3 - 18 gives an example of an experimental (100) PF and three IPFs showing 
that <100> is parallel to the shear direction and <110> is parallel to both the transverse direc-
tion and the shear plane normal. 
 
 
(3.9)
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Figure 3 - 18: (a) Experimental (100) pole figure and (b) inverse pole figures of a torsion deformed 
NiAl sample (initial orientation: <111>, T = 1000K). X0 = shear direction, Y0 = shear plane normal, 
Z0 = transverse direction. 
 
 
3.5.3 Orientation distribution function 
 
Pole figures have a drawback in terms of unambiguousness especially for non-cubic crystal 
symmetry, because different orientations, which are created by rotating a crystal about its 
plane normal, are indistinguishable. The introduction of the Orientation Distribution Function 
(ODF) [Bun 1965, Bun 1982, Roe 1965] solved this problem, because it is a function, by 
means of which the complete distribution of crystal orientations within a sample can be de-
scribed. 
Figure 3 - 19 illustrates the definition of the ODF. A distribution of N crystals is given. The 
volume of their unit cells is proportional to the frequency or volume fraction dV of the respec-
tive orientation gi (i = 1 .. N). For N → ∞ and Δg → 0 the orientation distribution function 
f(g) is introduced, which is defined by 
 
f(g)dg ~ dVg/V, f(g) ≥ 0 
 
with V being the sample volume and Vg designating the volume fraction of crystals having an 
orientation within g and g+dg with dg = sin(Φ)dΦdϕ1dϕ2. ϕ1, Φ and ϕ2 are called Euler an-
gles, by which according to Bunge (Bunge notation) the crystal CS is rotated with respect to 
the sample CS. 
 
Figure 3 - 19: Definition of the ODF according to [Hel 1995] 
monophase sample 
(3.10)
(a) (b)
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The rotation rules are illustrated in Figure 3 - 20. Starting in the sample CS, designated by 
axes KA (K = X, Y, Z), the crystal is first rotated about the angle ϕ1 || ZA into a new CS with 
axes KB (K = X, Y, Z). In the second step, a rotation about Φ || XB is done into a new CS with 
axes KC (K = X, Y, Z). The third rotation is about ϕ2 || ZC into the final CS. The range of the 
Euler angles is: 
 
0 ≤ ϕ1, ϕ2 < 2π and 0  ≤ Φ ≤ π 
 
In a Cartesian CS the three Euler angles span the Euler space, in which the ODF is repre-
sented. In texture research, most commonly ϕ2-sections are presented (Figure 3 - 21). De-
pending on the crystal and sample symmetry, the sections can be reduced in ϕ1, Φ and ϕ2. 
Table VII shows possible combinations for cubic crystal symmetry and different sample 
symmetries. 
 
 
 
Figure 3 - 20: Definition of Euler angles ϕ1, Φ and ϕ2.  
 
Table VII: Limits of Euler angles ϕ1, Φ and ϕ2 with respect to the crystal and sample symmetry [Hel 
1995]. 
crystal symmetry sample symmetry ϕ1 Φ ϕ2 
     
cubic orthorhombic 0 … π/2 0 … π/2 0 … π/2 
cubic monoclinic 0 … π 0 … π/2 0 … π/2 
cubic triclinic 0 … 2π 0 … π/2 0 … π/2 
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Figure 3 - 21: ϕ2-sections of the ODF of a NiAl sample describing the initial <100> orientation. The 
sample symmetry used is triclinic. 
 
3.6 Texture and axial stress simulations 
 
A texture simulation program based on the equilibrium-equation method [Qod 2005, Tot 
2005a] was used. According to this model a cylindrical bar is subjected to torsion about an 
angle ψ due to a torque T. The deformation is done in the free-end mode, for which two 
boundary conditions are introduced: (i) there is no axial force and (ii) the lateral surface of the 
bar is traction-free. A cylindrical polar coordinate system (r, θ, z) is used. All properties are 
assumed to be homogeneous along the axial direction at the beginning of the test and the bar 
remains circular during the test. In the modelling, the bar is divided into N cylindrical layers 
with equal thickness (N = 5 in this study). The strain state is approximated to be a combina-
tion of shear strain and axial strain (representing the so-called “Swift effect”, see chapter 4.5). 
The axial strain rate
•
ε  and shear strain rate 
•
γ  are introduced as follows:  
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(l = current length of cylinder, a = current radius of cylinder, 
•
γ = shear strain rate at the sur-
face of the bar, 
•
ψ = twist rate) 
The velocity gradient tensor L is given by: 
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In the present free-end torsion case, 
•
ε  is unknown. The following parameter is defined to 
identify the unknown: 
••
= γεη . 
In uniform torsion of a sample with cylindrical symmetry, the only equilibrium equation, 
which is not identically satisfied, is: 
 
0rr rr
dr
dr θθ
σ σ σ+ − =  
(σrr = radial stress, σθθ = hoop stress). Only the deviatoric stress S can be determined in plas-
ticity, which is related to the total stress σ as follows: 
 
ij ij ijS pσ δ= − ⋅  
 
(p = hydrostatic pressure, δij = Kronecker delta). Combining equations (3.13) and (3.14) 
yields: 
 
( ) ( ) ( )
a
rr rr rrr
p r S S S dr σ (a)=0 was used during integrationθθ= − −∫  
Now the distribution of the axial stress σzz can be determined: 
 
( ) ( ) ( )zz zzr S r p rσ = −  
 
The axial force F (
0
2 ( )
a
zzF r r drπ σ= ∫ ) has to be zero under free-end torsion. In order to ob-
tain σzz the deviatoric stresses Srr, Sθθ and Szz are calculated using a polycrystals plasticity 
model. At the beginning of modelling the initial texture is assigned to each layer. The velocity 
gradient tensor is imposed to these polycrystals and an initial guess for η is used. For each 
step, the deviatoric stresses can be used to determine the axial force, which vanishes for the 
solution value of η. After finding the appropriate value of η, the grain orientations are up-
dated in each grain and in each layer. 
 
(3.11)
(3.12)
(3.13)
(3.14)
(3.15)
(3.16)
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4 Results 
 
4.1 Sample summary 
 
Table VIII lists the samples used in this study. Three series of samples were deformed at dif-
ferent maximum shear strain rates up to five revolutions. The values for γmax correspond to the 
maximum shear strain at the sample edge. An additional column assigns the scanning electron 
microscope used to the respective sample. Sample 110-750 taken from the end of the extruded 
rod contained steel of the extrusion can. Results will be shown for this sample as well, but 
they will not be considered for further analysis. 
 
Table VIII: Deformation parameters of torsion deformed NiAl samples. N = number of revolutions  
*: maximum shear strain has been corrected for length changes (Swift effect, see chapter 4.5) 
**:  L = LEO, Z = Zeiss 
 +: sample slipped during deformation 
 
Sample code Initial 
orientation 
Deformation 
temperature 
[K] 
N / γmax* Maximum 
shear strain 
rate [s-1] 
SEM** 
      
100-8001 <100> 800 3 / 11.2 1 x 10-4 L 
100-8002 <100> 800 5 / 19.7 3.6 x 10-5 L 
100-9001 <100> 900 3 / 13.3 1 x 10-4 L 
100-9002 + <100> 900 < 5 / 18 3.6 x 10-5 L 
100-10001 + <100> 1000 < 3 / 8 1 x 10-4 Z 
100-10002 <100> 1000 1 / 3.3 2.2 x 10-4 Z 
100-1100 + <100> 1100 < 3 / 11.6 1 x 10-4 Z 
100-1273 <100> 1300 1 / 3.3 2.2 x 10-4 Z 
100-1300 <100> 1300 3 / 18 1 x 10-4 Z 
110-750 <110> 750 3 / 9.7 3.6 x 10-5 L 
110-800 <110> 800 3 / 10 3.6 x 10-5 L 
110-900 <110> 900 3 / 10.8 3.6 x 10-5 L 
110-1000 <110> 1000 3 / 12.2 3.6 x 10-5 L 
111-700 <111> 700 3 / 9 3.6 x 10-5 L 
111-800 <111> 800 3 / 9.1 3.6 x 10-5 L 
111-900 <111> 900 3 / 9.8 3.6 x 10-5 L 
111-10001 <111> 1000 3 / 15.6 1 x 10-4 Z 
111-10002 <111> 1000 1 / 3.3 2.2 x 10-4 Z 
111-1273 <111> 1300 1 / 3.7 2.2 x 10-4 Z 
111-1300 + <111> 1300 < 3 / 15.3 1 x 10-4 Z 
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Figure 4 - 1: Shear stress - shear strain curves for different initial orientations and deformation tem-
peratures. Dashed curves correspond to the respective higher shear strain rates given in Table VIII. 
 
(a)
(b)
(c)
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Figure 4 - 2: Shear stress - shear strain curves for different deformation temperatures and initial ori-
entations. 
 
4.2 Shear stress – shear strain curves 
 
In Figure 4 - 1 and Figure 4 - 2 different combinations of shear stress – shear strain curves are 
drawn. These curves were derived from the experimental data gained in the form of torque-
time curves. A temperature-dependent correction of the measured torque is done in order to 
take into account the torque, which is taken up by the steel jacket (a calibration procedure is 
given in [Bar 2003]). The conversion of torque – shear stress was done according to equation 
(3.2) (see chapter 3.2). The shear strain was assumed to increase linearly with time and the 
values given in the curves correspond to the respective shear strain at the sample edge. In the 
temperature range T = 900K - 1100K, the curves show a shape, which is characterized by a 
stress peak at low strains followed by strain softening towards a steady state. The position of 
the peak depends on the initial orientation. It exists at lower shear strain values γ = 0.1 - 0.2 
for initial <110> and <111> orientation and at an order of magnitude higher values in the re-
gion γ = 1 - 2 for initial <100> orientation (Figure 4 - 2a-c). For temperatures below 900K, 
the stress peak remains, but there is hardening for <110> and <111> samples, which is more 
pronounced in the latter case (Figure 4 - 1b, c). Increasing the shear strain rate by a factor 2-3 
slightly increases the shear stress, except for the <100> sample deformed at 800K, where a 
slight decrease is observed. At 1300K the shear stress – shear strain curves show peculiarities 
which may be attributed to discontinuous dynamic recrystallization (see chapters 5.1.1 and 
5.1.3) 
 
 
(a) (b)
(c) (d)
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4.3 Microstructure 
 
4.3.1 General features of the microstructure 
 
To show the general change of microstructure with temperature, five of the <100> samples 
(Figure 4 - 3) serve as a representative example. A full overview on the EBSD mappings is 
given in Appendix A (T < 1000K) and Appendix B (T > 1000K). 
 
Figure 4 - 3: EBSD mappings (high angle grain boundaries only) for samples with initial <100> ori-
entation at different temperatures and comparable shear strains. Coordinate system: SD = shear di-
rection, SN = shear plane normal, TD = transverse direction 
The general features can be summarized as follows: 
 
• At a shear strain of about 9 the grain size decreases with decreasing temperature. 
• Up to T = 1000K the grain structure is fine-grained, above T = 1000K it becomes in-
creasingly coarse-grained. The transitional structure at T = 1100K is bimodal. 
• Up to T = 1000K the grains are elongated with the grain long axis being inclined to 
the shear direction and by this defining an oblique foliation. 
 
A quantitative analysis follows in the next chapters. 
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4.3.2 Grain size 
 
Figure 4 - 4 shows that (i) the grain size is much smaller than the initial grain size of about 
50 µm and (ii) grain refinement increases with decreasing temperature in the temperature 
range 700K – 1000K for constant initial orientation, with the smallest values in the range of 
about 2 µm. Within the shear strain range investigated, a steady state grain size is reached for 
all samples. Only the samples 100-900, 110-1000, 111-900 and 111-1000 show variations 
larger than 2 µm. The steady state is reached faster with increasing temperature and/or lower 
strain rate. The initial orientation does not affect the steady state grain size (Figure 4 - 5b-d), 
which is in the range of ≈ 2.5 µm at 800K, ≈ 5µm at 900K and ≈ 10 µm at 1000K (i.e. it ap-
proximately doubles every 100K). There is a large difference in grain size between samples 
deformed up to 1000K and samples deformed above 1000K (Figure 4 - 5e,f) Sample 100-
1100 shows a steady state grain size, which is in the region of the initial grain size. At T = 
1300K, the grain size increases above the initial grain size. 
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Figure 4 - 4: Grain size subject to shear strain. Samples of the same initial orientation are compared 
for different deformation temperatures. Initial <100>: open symbols at 800K and 900K correspond to 
samples 100-8001and 100-9001, respectively.  
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Figure 4 - 5: Grain size subject to shear strain. Samples of different initial orientations are compared 
at the same deformation temperatures. Open symbols correspond to the respective higher strain rate. 
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Figure 4 - 6: Fraction of LAGBs subject to shear strain. Samples of the same initial orientation are 
compared for different deformation temperatures. Open symbols correspond to the respective higher 
strain rates. For <100> and <111> the initial value is indicated by a magenta star and is connected 
to the value at the lowest shear strain in order to better visualize the LAGB development. 
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4.3.3 Misorientation distribution 
 
Results on the misorientation distribution in the form of the fraction of LAGBs are shown in 
Figure 4 - 6 and Figure 4 - 7 (the complete misorientation distributions are summarized in 
appendix C). The initial LAGB fraction is about 15%. With increasing shear strain the LAGB 
fraction goes over a maximum at a shear strain smaller than about 2 and then decreases to a 
steady state value. The maximum value is about 70% for T ≤ 1000K and 60% for T ≥ 1000K. 
The steady state fraction is about 20-40% for T ≤ 1000K and about 40% for T > 1000K, i.e. 
the microstructure is dominated by HAGBs. In addition there is a general trend for the steady 
state value to increase with temperature (e.g. <111> in Figure 4 - 6) in the sequence <110>, 
<111>, <100> (see e.g. 800K in Figure 4 - 7). 
 
    
    
      
Figure 4 - 7: Fraction of LAGBs subject to shear strain. Samples of different initial orientations are 
compared at the same deformation temperatures. The initial value is indicated by a magenta star. 
(a) (b)
(e)
(d)(c)
(f)
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Figure 4 - 8: Grain alignment in terms of the inclination angle Φ’ subject to shear strain (arithmetic 
mean). Samples of different initial orientations are compared at the same deformation temperature. 
The dashed curve corresponds to equation (2.2). Initial <100>: plots at 800K and 900K correspond to 
samples 100-8002 and 100-9002, respectively. 
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Figure 4 - 9: Comparison of the grain alignment with respect to shear direction between arithmetic 
mean value and the maximum in the Rf - Φ’ plots for different initial orientations and deformation 
temperatures. The dashed curve corresponds to the theoretical values according to equation (2.2). 
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Figure 4 - 10: Average aspect ratio for different initial orientations in the temperature range T = 
700K – 1000K 
 
 
 
46
4.3.4 Grain shape foliation and grain aspect ratio 
 
Figure 4 - 8 shows the results of the analysis in terms of the arithmetic mean inclination angle. 
The error bars correspond to the standard deviation of the inclination angle distribution. There 
is a general tendency for the experimental values to be larger than expected from the theoreti-
cal curve for “pure deformation”. For all samples, an average value in the region of 30° (T = 
800K and 900K) and 20° (T = 1000K), respectively, is established at shear strains greater than 
8, irrespective of orientation. At low strains (<100>: < 5, <110> and <111>: < 3) and tem-
peratures > 800K the inclinations are lower and approach the curve for “pure deformation”. 
The values of Φ’ are comparable for both methods (Figure 4 - 9), irrespective of initial orien-
tation (Figure 4 - 9a, c, d) and deformation temperature (Figure 4 - 9b, d, e). The average as-
pect ratio (Figure 4 - 10) is constant at about 2.5 – 2.7 independent of initial orientation and 
temperature. The comparison of this average aspect ratio with the theoretical values according 
to equation (3.5) (Figure 4 - 11) shows a pronounced deviation of the experimental values 
from the theoretical curve (Note: (i) since the aspect ratio is the same for all orientations, this 
comparison is reduced to <100>, (ii) for reasons of clarity the inverse aspect ratio is shown). 
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Figure 4 - 11: Inverse aspect ratio as a function of shear strain for <100> samples. The dashed line 
indicates the theoretical curve according to equation (3.5). 
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4.4 Texture 
 
4.4.1 HESR 
 
To calculate the ODF the sample coordinate system was chosen with X, Y, Z parallel to the 
shear direction, shear plane normal and transverse direction, respectively. The texture is rep-
resented by the ϕ2 = 0° ODF sections, which for NiAl contain all major shear components. 
The ideal orientations of the observed components are shown in Figure 4 - 12. The ODF sec-
tions of the initial preferred orientations are shown in Figure 4 - 13. {100}<100> and 
{110}<100> will be referred to as cube (C) and Goss (G) component, respectively. 
 
 
Figure 4 - 12: ODF sections ϕ2 = 0° showing the ideal orientations of texture components of torsion 
deformed NiAl. 
 
 
         
 
 
 
      
 
 
Figure 4 - 13: ODF sections at ϕ2 = 0° of the initial preferred orientations. (a) <100> component, (b) 
<110> fibre, (c) <111> fibre. Maxima are given in mrd 
max = 5 
max = 2 
max = 4 (a) (b)
(c)
φ1 180° 0° 
90° 
0° 
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The ODF sections after torsion deformation are shown at different shear strains for the fol-
lowing samples: 100-8001 (Figure 4 - 14), 100-8002 (Figure 4 - 15), 110-800 (Figure 4 - 16) 
and 111-800 (Figure 4 - 17) (for the ODF sections of the other samples see appendix D). Fur-
ther analysis of the ODF sections in terms of the intensities and deviations of the observed 
texture components has been performed as well. If a component is not present in one or more 
of the ODF sections it is assigned zero intensity. 
First the texture development for samples of the same initial orientation at different tempera-
tures will be summarized. C and G are present in the textures for all initial orientations. The C 
maxima are generally broad, while the G maxima tend to become narrower with increasing 
strain. The development of intensity and angular deviation depends on the initial orientation. 
For <100> samples (ODF sections: Figure 4 - 14, Figure 4 - 15, intensities: Figure 4 - 18, de-
viations: Figure 4 - 24), the intensity of C increases with strain and reaches a constant value of 
8 mrd at 800K and 6 mrd at 900K and 1000K. Sample 100-8002 does not show a plateau. G is 
present at all strains measured at 800K and 900K only. At 800K a constant value of about 4 – 
5 mrd is reached. It increases up to 8 mrd at 900K and drops to 6 mrd at 1000K. In terms of 
deviation, C is much further rotated away from the ideal orientation than G. The C deviation 
is in the range of 20° - 25° up to 900K and drops to about 15° at 1000K. No clear trend is seen 
for G, but lowering the strain rate at 800K and 900K leads to a negative shift in deviation.  
For <110> samples (ODF sections: Figure 4 - 16, intensities: Figure 4 - 19, deviations: Figure 
4 - 25), the intensity of C decreases with increasing temperature from 4 mrd at 800K down to 
1 mrd at 1000K, while G increases in intensity from 5 mrd at 800K up to 30 mrd at 1000K. 
The intensity of both components increases with shear strain. The angular deviation is be-
tween 25° - 30° and 2° - 7.5° for C and G, respectively, independent of temperature. 
For <111> samples (ODF sections: Figure 4 - 17, intensities: Figure 4 - 20, deviations: Figure 
4 - 26), the intensity of C decreases from 3 mrd at 700K down to 1 mrd at 1000K, while G 
increases from 4 mrd at 700K up to 50 mrd at 1000K. The intensity of both components in-
creases with shear strain. The angular deviation of C decreases from 30° at 700K down to 20° 
at 1000K, while the deviation of G is in between 0° - 5° independent of temperature. The 
ideal orientation of G is reached for the largest strains at 900K and 1000K.  
Next the texture development for different initial orientations at the same temperature will be 
summarized. In terms of texture intensity, values for C are comparable for T = 800K (Figure 4 
- 21a), but at 900K (Figure 4 - 22a) and 1000K (Figure 4 - 23a), <100> samples clearly have 
the highest values, while the intensity for the other initial orientations drops to values of 1 
mrd. For G the development is similar at 800K (Figure 4 - 21b) with intensities being similar 
for all orientations, but oppositional at 900K (Figure 4 - 22b) and 1000K (Figure 4 - 23b) with 
<100> samples having the lowest values. The most striking feature is the large difference of 
the G intensity between 900K and 1000K for <110> and <111> samples. The angular devia-
tion of the C component increases with strain up to a constant level depending on initial orien-
tation, temperature and strain rate (Figures see appendix E). Their values are lowest for <100> 
samples at 800K (increasing the strain rate in the case of <100> leads to a further decrease of 
about 5°) and 1000K and in the same region for 900K. For the G component, values are in the 
region of -5° to 5° for most of the strains independent of initial orientation and temperature 
with one exception (sample 100-9001). Another way of analyzing the texture intensity and the 
angular deviation is to plot them at constant shear strain for different temperatures (appendix 
F). For <100> samples the C intensity is constant or decreases with increasing temperature 
depending on the strain rate, whereas the G intensity is constant independent of the strain rate. 
Both intensities are in the same range (about 6 mrd). For <110> and <111> samples the C 
intensity decreases with temperature, while the G intensity increases substantially. In terms of 
the angular deviation, there is a decrease for <100> and <111> above 800K and no overall 
change for <110> for the C component, whereas there is an overall decrease with temperature 
for all orientations for the G component. 
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Figure 4 - 14: ODF sections at ϕ2 = 0° of sample 100-8001 (<100>, 800K, N = 3) at different shear 
strains. Maxima are given in mrd.  
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Figure 4 - 15: ODF sections at ϕ2 = 0° of sample 100-8002 (<100>, 800K, N = 5) at different shear 
strains. Maxima are given in mrd.  
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Figure 4 - 16: ODF sections at ϕ2 = 0° of sample 110-800 (<110>, 800K, N = 3) at different shear 
strains. Maxima are given in mrd.  
 
 
 
 
52
 
Figure 4 - 17: ODF sections at ϕ2 = 0° of sample 111-800 (<111>, 800K, N = 3) at different shear 
strains. Maxima are given in mrd.  
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Figure 4 - 18: Intensities of (a) {100}<100> and (b) {110}<100> texture components for initially 
<100> oriented samples at different temperatures. The respective open symbols refer to the samples, 
which were deformed at a strain rate of 1 x 10-4 s-1 (strain rate for other samples: 3.6 x 10-5 s-1, see 
Table VIII). 
(a) 
(b) 
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Figure 4 - 19: Intensities of (a) {100}<100> and (b) {110}<100> texture components for initially 
<110> oriented samples at different temperatures. 
 
 
 
 
 
(a) 
(b) 
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Figure 4 - 20: Intensities of (a) {100}<100> and (b) {110}<100> texture components for initially 
<111> oriented samples at different temperatures.  
(a) 
(b) 
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Figure 4 - 21: Intensities of (a) {100}<100> and (b) {110}<100> texture components at T = 800K for 
different initial orientations. The open symbols refer to the <100> sample, which was deformed at a 
strain rate of 1 x 10-4 s-1 (strain rate for other samples: 3.6 x 10-5 s-1, see Table VIII). 
 
(a) 
(b) 
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Figure 4 - 22: Intensities of (a) {100}<100> and (b) {110}<100> texture components at T = 900K for 
different initial orientations. The open symbols refer to the <100> sample, which was deformed at a 
strain rate of 1 x 10-4 s-1 (strain rate for other samples: 3.6 x 10-5 s-1, see Table VIII). 
 
(a) 
(b) 
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Figure 4 - 23: Intensities of (a) {100}<100> and (b) {110}<100> texture components at T = 1000K 
for different initial orientations. 
(a) 
(b) 
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Figure 4 - 24: Angular deviation of (a) {100}<100> and (b) {110}<100> texture components for ini-
tially <100> oriented samples at different temperatures. The respective open symbols refer to the 
samples, which were deformed at a strain rate of 1 x 10-4 s-1 (strain rate for other samples: 3.6 x 10-5 s-
1, see Table VIII). 
  
(a) 
(b) 
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Figure 4 - 25: Angular deviation of (a) {100}<100> and (b) {110}<100> texture components for ini-
tially <110> oriented samples at different temperatures. 
(a) 
(b) 
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Figure 4 - 26: Angular deviation of (a) {100}<100> and (b) {110}<100> texture components for ini-
tially <111> oriented samples at different temperatures. 
 
 
 
 
 
 
(a) 
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4.4.2 EBSD 
 
4.4.2.1 Texture component analysis 
 
With TANGO it is possible to investigate the distribution of orientations within grains of a 
given mapping, i.e. to separate texture components within the microstructure. This is done by 
defining an ideal orientation {hkl}<uvw> and allowing a certain angular spread around this 
orientation. In this study, the C and G texture components were chosen and a spread of 22° 
was allowed (this is near the maximum angle, at which the planes {hkl} of both components 
do not overlap and therefore a grain can be unambiguously assigned to either component).  
 
 
Figure 4 - 27: EBSD mappings for three samples with initial <110> orientation at comparable shear 
strains. HAGBs are shown and the scale bar is equal to 200 µm. Grains are colour coded according 
to their orientation: red corresponds to the C and green to the G component including the spread. 
White corresponds to orientations outside the spread. The colour scale is such that the darkest and 
lightest colouring corresponds to grains, which are nearest and furthest to the ideal orientation, re-
spectively. 
 
Figure 4 - 27 shows the distribution of the C and G component within three of the <110> 
samples. This differentiation may indicate, if areas, which contain orientations belonging to 
either C or G, have different microstructural properties compared to the rest of the mapping. 
 
Grain size 
 
The grain size is shown for samples with the three initial textures in the temperature range T = 
700K – 1000K in appendix G. The orientation for grains containing C was set by taking into 
account the respective deviation in ϕ1, which has been obtained by the HESR texture meas-
urements (chapter 4.4.1.2), whereas for grains containing G no deviation was taken into ac-
count. There is a general trend for grains containing either C or G to follow the development 
of the remaining part of the mapping (labelled “rest”). In the lower left corner of the graphs 
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the respective average grain size ratio between C and G textured grains, respectively, and the 
grains of the remaining part of the mapping is given (the ratio was calculated for each position 
and the average value is given here). For all samples, C and G textured grains have a larger 
average grain size than the other grains (about 8% at T = 700K up to 59% at T = 1000K for C 
and 8% at T = 700K up to 31% at T = 900K for G). 
 
4.4.2.2 High temperature range (T > 1000K) 
 
The texture of the samples 100-1100, 100-1300 and 111-1300 will be considered separately. 
Due to recrystallization, which leads to massive grain growth, the microstructure is increas-
ingly dominated by large grains. This means in terms of texture, that the grain statistics get 
worse. Especially at T = 1300K the texture is more or less reduced to orientations of a few 
grains. Thus, these samples are not suitable for HESR measurements, because due to the high 
volume fraction of the large grains there are just a small number of spots of high intensity on 
the Debye-Scherrer rings and a quantitative ODF analysis is not possible. The grain statistics 
decrease further, if EBSD is used. In order to enhance this statistics to some extent, several 
mappings were done parallel to the torsion axis at the different positions for each respective 
shear strain. Results are shown in the form of mappings showing the texture components (all 
samples, see appendix B) and additionally in the form of (100) pole figures, which represent 
the average texture for the respective shear strain, for sample 100-1100. The pole figure coor-
dinate system is chosen with X0 being parallel to the shear direction and Z0 being parallel to 
the transverse direction. The averaged texture of sample 100-1100 is characterized by the two 
known components C and G (Figure 4 - 28, Figure 4 - 29). However, the microstructure (see 
appendix B) as well as the texture (see appendix H) are inhomogeneous across the respective 
longitudinal tangential sections. There is no clear tendency, whether the large recrystallized 
grains (which are free of LAGBs) have one specific orientation, which may be identified as 
recrystallization texture. While for small strains the C component is dominant, for higher 
strains the G component appears, too. The only tendency is that the G oriented grains have a 
lower average grain size than the C oriented grains for the largest shear strains, whereas the 
number of grains containing the C orientation is lower than that of G oriented grains (appen-
dix H). Therefore, grain growth seems to be more likely for C oriented grains. The texture of 
sample 100-1300 (appendix B) is dominated by the C component, which in this case is mainly 
present in the recrystallized grains. For sample 111-1300 (appendix B) the development is 
less clear. The C component is again only present in recrystallized grains. The G component 
predominantly appears at low strains, but is also present in recrystallized grains at the largest 
strains. Due to these inhomogeneities and difficulties in terms of grain statistics, these sam-
ples will not be included in further quantitative discussions. 
 
 
Figure 4 - 28: Ideal orientation of (a) C and (b) G component in (100) pole figure. SD = shear direc-
tion, TD = transverse direction. 
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Figure 4 - 29: <100> pole figures for sample 100-1100 at different shear strains. Coordinate system: 
SD = shear direction, TD = transverse direction. 
 
4.5 Swift effect 
 
Samples, which are subjected to free-end torsion (i.e. the specimen ends are fixed to the tor-
sion apparatus in such a way that they are free to move during torsion), change their length, 
although no axial force is exerted on them. This effect is named after H.W. Swift [Swi 1947]. 
In his experiments on work hardening of metals during torsion, he observed changes in the 
diameter of hollow specimens during fixed-end torsion, which he attributed to changes in the 
sample length. He then changed the apparatus to free-end torsion and measured length 
changes for seven different metals (Figure 4 - 30a). All metals show a general tendency to 
lengthen during torsion, but the amounts of lengthening as well as the slope of the curves vary 
considerably. A summary of further tests on brass, aluminium and copper is given in [Hah 
1993]. For brass (Figure 4 - 30b), the two available curves agree well with continuous length-
ening up to 12% at a shear strain γ ≈ 5. In the case of Al (Figure 4 - 30c), authors agree on 
lengthening (up to 10% at largest, only for the hollow sample [Bil 1976] some amount of 
shortening is observed), but again the curves show a continuous increase or a steady state at 
high strains. For Cu (Figure 4 - 30d), the different curves show a better overall agreement, 
with strong lengthening up to a shear strain γ ≈ 2.5 and just small further increase of sample 
length above this strain. The overall amount of lengthening is smaller (up to 6% at largest) 
than for Al. For one of the samples [Stü 1964], shortening is observed.  
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Figure 4 - 30: (a) Swift curves for different metals [Swi 1947], (b) brass [Hah 1993], (c) Al [Hah 
1993], (d) Cu [Hah 1993]. 
 
 
 
 
 
a brass 70-30 
b stainless steel 
c aluminium 
d cupro-nickel 
e copper 
f mild steel 
g steel-0.5%C 
 
1 [Hec 1971] 
2 [Swi 1947] 
1 [Stü 1969] 
2 [Che 1975] 
3 [Swi 1947] 
4 [Wit 1980] 
5 [Bil 1976] 
6 [Bai 1972] 
1 [Kap 1990] 
2 [Lud 1925] 
3 [Hec 1971] 
4 [Tot 1992] 
5 [GS 1975] 
6 [Swi 1947] 
7 [Gre 1964] 
8 [Wit 1980] 
9 [Stü 1964] 
10 [Bil 1976] 
(a) (b)
(c) (d)
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Table IX: Experimental observations on the Swift effect of Al, Cu and α-Fe. 
 Montheillet [Mon 1984] Toth [Tot 1992] Chen [Che 1975] 
    
Al T = 293K – 673K 
 
Lengthening with succes-
sive maximum and mini-
mum at  293K 
Very small effect at 673K 
Curves from intermediate 
temperatures show evolu-
tion between the two ex-
treme cases 
 T = 293K – 823K 
 
Al: continuous lengthening, 
slope decreases with shear 
strain, maximum amount of 
lengthening decreases with 
temperature from ≈ 7.5% at 
293K to ≈ 3.5% at 823K 
Al-0.5Mg: same tendency 
as for Al, but smaller de-
crease in maximum length-
ening with increasing tem-
perature 
 
Cu 
 
T = 293K – 773K 
 
Development is similar to 
Al at 293K 
Transition from lengthen-
ing to shortening between  
423K and 573K 
Very small effect for  673K 
and 773K 
 
T = 298 – 573K 
 
Initial lengthening for all 
temperatures, shortening 
for γ > 10 at 473K and 
γ > 5 at 573K 
 
 
α-Fe 
 
T = 293K, 1073K 
 
Lengthening up to fracture 
at T = 293K 
Transition from lengthen-
ing to shortening at 1073K, 
but much larger amount of 
shortening than for Cu 
  
 
Experiments studying the influence of temperature on the Swift effect, were done as well by 
Montheillet [Mon 1984] (Al, Cu, α-Fe), Toth [Tot 1992] (Cu) and Chen [Che 1975] (Al, Al-
0.5Mg) (Table IX).  
The history prior to torsion also influences the Swift effect of Cu wires [Tot 1991]. While the 
wire drawn sample continuously shortens, there is a transition from shortening to lengthening 
depending on the annealing temperature of the torsion deformed wires. 
The influence of the texture on the Swift effect has also been the topic in the reports of Rose 
[Ros 1968], Montheillet [Mon 1985] and Toth [Tot 1991, Tot 1992]. The different tendencies 
can be explained by special textures and therefore the axial stresses result from the anisotropy 
of the material. Cu plates with a strong cube texture were used by Rose [Ros 1968]. Rectan-
gular pieces were cut at different angles α with respect to the rolling direction and welded to 
thin tubes. It was observed, that samples with α > 45° lengthen, while samples with α < 45° 
shorten. These results were reanalyzed and confirmed analytically in [Tot 1989]. In [Mon 
1985] and [Tot 1991, Tot 1992] it was reported that texture measurements and simulations 
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showed that indeed different textures can be assigned to the respective length changes. It was 
observed by both authors, that the texture components are tilted with respect to the shear 
sense. Modelling confirmed that orientations opposite and parallel to the shear sense lead to 
lengthening and shortening, respectively.  
In this study the sample length was measured at several points during torsion. The results are 
shown in Figure 4 - 31 and Figure 4 - 32. The Swift effect is affected by deformation tem-
peratures and initial orientation. Generally, with increasing temperature the samples shorten 
(Figure 4 - 31). An exception is given by the <110> and <111> samples at low temperatures 
and low strains. The shortening curves of the <100> samples (Figure 4 - 31a) are character-
ized by two different slopes. The shear strain, at which a transition from the higher to the 
lower slope takes place, increases with increasing temperature. At the highest temperature, T 
= 1300K, for <100> the shortening reaches a steady state value of about -33%. <110> sam-
ples (Figure 4 - 31b) continuously shorten for γ > 1. For lower shear strains, there is a small 
amount of lengthening up to T = 800K and no effect at T = 900K and 1000K. <111> samples 
(Figure 4 - 31c) lengthen up to γ ≈ 3 with the amount of lengthening decreasing with tempera-
ture (7% at 800K and 5% at 900K) and shorten at γ > 3 for temperatures up to 900K with the 
amount of shortening increasing with temperature. At T = 1000K and 1300K, there is no ef-
fect up to small shear strains. This range decreases with temperature. Furthermore, a steady 
state value of about -20% is reached at T = 1300K. Comparing the three initial orientations at 
the same temperatures (Figure 4 - 32), it is seen, that the amount of shortening increases in the 
sequence <111>, <110> and <100>.  
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Figure 4 - 31: Length change of torsion deformed NiAl samples subject to shear strain for different 
initial orientations. Negative and positive values refer to shortening and lengthening, respectively. 
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Figure 4 - 32: Length changes of torsion deformed NiAl samples subject to shear strain for different 
initial orientations at constant temperature. Negative and positive values refer to shortening and 
lengthening, respectively. 
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4.6 Creep 
 
Equation (3.1) ( exp( )n QA
kT
γ τ
•
= − ) describes a general relation for dislocation creep. De-
pending on the stress exponent n and activation energy Q, different creep mechanisms [e.g. 
dislocation climb, dislocation cross-slip] are defined. 
A summary of the stress exponent n of NiAl of previous reports is shown in Figure 4 - 33a. 
For T ≥ 1000K, most values are between of 4 – 8. For T < 1000K, there is only very limited 
amount of data with the stress exponents being > 12. Authors are in agreement on the creep 
process being dislocation climb-controlled. This is further confirmed by measurements of the 
activation energy (Figure 4 - 33b) in the range of 290 kJ/mol, which is the value of lattice 
self-diffusion of Ni in NiAl [Fra 2001]. However, non-diffusional mechanisms (cross-slip of 
screw dislocations, lattice- and obstacle-controlled dislocation glide) are also suggested, e.g. 
by Raj [Raj 2002]. 
The results for n of this study, which have been obtained graphically according to equation 
(3.3), are shown in (Figure 4 - 34a). The stress exponent was measured in two different re-
gions of the stress-strain curve (the peak region at low strains and the region of medium to 
high strains). Since the stress variations are large in the low strain region and much smaller in 
the medium-high strain region, different symbols were introduced. For <100> samples, there 
is an almost linear increase of n from about 6 at T = 1300K up to about 14 at T = 800K. The 
low strain values fit well into this development. For <110> samples, there are two regions of 
nearly constant values across the temperature range. One of them, which includes medium-
high strain values, is located at a value of about 10, while the other one, which includes 
mainly low strain values, is located at a value of about 16. For <111> samples, n increases 
with decreasing temperature, but especially for T < 1000K there is a large spread. The low 
strain values are permanently larger than the ones at medium-high strain. The general trend 
for the stress exponent is therefore to depend on temperature as well as on the initial orienta-
tion. 
The results for the activation energy Q, which was obtained graphically according to equation 
(3.4), are shown in (Figure 4 - 34b). To compare the results with those reported for compres-
sion and tension tests, the shear stresses τ were converted into axial stresses σ according to 
[Pat 2000]: 
 
3σ τ= ⋅  
 
The dashed line in (Figure 4 - 34b) indicates the activation energy QSD = 290 kJ/mol for lat-
tice self- diffusion of Ni in NiAl. There is a large spread in the values of Q with <100> and 
<111> samples showing a larger and <110> samples showing a smaller variation. Most of the 
values are above QSD. In conclusion, it can be stated, that torsional creep of NiAl cannot be 
solely described by the self-diffusion mechanism, but that especially for T < 1000K alterna-
tive mechanisms might be operating.  
 
 
(4.1)
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Figure 4 - 33: Summary of creep data of single- and polycrystalline NiAl (compression and tension) in 
terms of stress exponent n (a) and activation energy Q (b).( d = initial grain size, Ex = extruded, FO = 
forged, A = annealed, SC = single crystal) 
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Figure 4 - 34: Summary of the experimental results of this study for torsion creep of NiAl in terms of 
stress exponent n (a) and activation energy Q (b) for different initial orientations. Open symbols refer 
to data from the stress peak region at low strains, while solid symbols refer to data at higher strains. 
Shear stresses were converted into axial stresses according to equation (4.1). 
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5 Discussion 
 
5.1 Microstructure 
 
5.1.1 Dynamic recrystallization 
 
Gourdet et al. [Gou 2003] introduced a model, by which „new grains are not formed by a 
classical nucleation mechanism; the recrystallized microstructure develops instead by the pro-
gressive transformation of subgrains into new grains, within the deformed original grains“. 
This process is called continuous dynamic recrystallization (CDRX) and is clearly separated 
from discontinuous dynamic recrystallization (DDRX), by which new grains originate 
through nucleation and successive grain growth. It is claimed, that CDRX is caused by the 
progressive accumulation of dislocations into LAGBs and the successive increase of misori-
entation by incorporation of dislocations, until they become HAGBs above a critical misori-
entation. The microstructure is described as an aggregate of crystallites, which are partly de-
limited by LAGBs and HAGBs, respectively (on the contrary, a grain is completely delimited 
by HAGBs). Assumptions, which are made in order to formulate the model, are as follows: 
 
• In terms of grain boundary mobility, only HAGBs are considered to be sufficiently 
mobile (the mobility of LAGBs is neglected). 
• The misorientation changes are always positive (i.e. all dislocations absorbed by the 
LAGBs have the same sign). 
• LAGBs of opposite sign do not annihilate (i.e. they transform into HAGBs or are ab-
sorbed by migrating boundaries before they meet). 
• All LAGBs absorb the same amount of dislocations per unit area (i.e. the change in 
misorientation is the same for all LAGBs). 
 
The following equation is used to describe the development of the dislocation density inside 
the crystallites ρi: 
 
( )i i id h r d dVρ ρ ε ρ= − ⋅ − , 
 
with h and r being the strain hardening and dynamic recovery coefficient, respectively, dε the 
strain increment and dV the volume swept by mobile boundaries. During a strain increment 
dε, ρi increases due to dislocations being created during deformation (dρi+ = h⋅dε) and de-
creases due to other dislocations forming new LAGBs or being absorbed by pre-existing 
boundaries (dρi- (1) = -r⋅ρi⋅dε) and due to dislocation annihilation (dρi - (2) = -ρi⋅dV). The part 
of dρi- (1) being absorbed by pre-existing boundaries is further subdivided into a first part 
being absorbed by HAGBs and a second part being incorporated into LAGBs and increasing 
their misorientation. Therefore, the change dρi- (1) is responsible for CDRX. A Taylor equa-
tion describes the flow stress in terms of the dislocation densities inside the crystallites and 
inside the LAGBs: 
 
1 2( )i LAGBGb A Aσ ρ ρ= + , 
 
with G being the elastic shear modulus, A1 and A2 being constants (A1 >> A2) and ρLAGB be-
ing the dislocation density inside the LAGBs. 
 
(5.1)
(5.2)
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Stress-strain curves based on these equations show only a small amount of softening, which is 
not in agreement with experimental findings. It is therefore suggested, that grain boundary 
migration (GBM) might be underestimated by this model. In another report of the same au-
thors [Gou 2002] it is proposed within the scope of a model concentrating on GBM that the 
migration might have a more pronounced effect on softening, because dislocations are ab-
sorbed by the moving boundaries leaving behind a zone of low dislocation density. In this 
report this is confirmed by the predicted stress-strain curves, which are in better agreement 
with experimental findings. 
It is further stressed, that grain boundary migration (GBM) has to be taken into account in 
order to explain the experimental findings in terms of grain size, because otherwise there is no 
mechanism to remove the boundaries that are continuously created.  
The main characteristics have been summarized as follows: 
 
1. Stress-strain curves are characterized by a maximum, which is followed by a softening 
stage and in the case of high strains a steady state is reached. 
2. Grain refinement takes place; a steady state value is reached at large strains (i.e. gen-
eration and annihilation of dislocations in equilibrium). 
3. The fraction of LAGBs increases in the initial stage of deformation and decreases later 
on (i.e. the transformation rate of LAGBs into HAGBs increases with strain). 
 
5.1.2 Continuous dynamic recrystallization in experiment (T ≤ 1000K) 
 
The following stress-strain curves (Figure 4 - 1 and Figure 4 - 2) have a shape, which indi-
cates CDRX (see point 1. of the main characteristics):  
 
<100>: T = 800K – 1100K 
<110>: T = 900K, 1000K 
<111>: T = 900K, 1000K 
 
The remaining curves either do not show the stress maximum followed by softening (both 
curves at T = 1300K, Figure 4 - 2) or do not show softening followed by a steady state, but 
hardening (<110>: T = 800K, <111>: T = 700K, 800K) (Note: the stress-strain curve of sam-
ple 110-750 is shown, but not further taken into account for analysis). 
In terms of grain size (misorientation θ > 3°), all samples deformed up to T = 1000K show 
grain refinement as well as a steady state (see point 2. of the main characteristics) (Figure 4 - 
4 and Figure 4 - 5). The increase in steady state grain size with increasing temperature is due 
to an enhancement of HAGB mobility. For T > 1000K, intensive grain growth, which is re-
lated to DDRX, is observed. At T =1100K (<100> sample only), a bimodal microstructure 
exists consisting of grains formed by both recrystallization mechanisms, while at T = 1300K 
the microstructure is dominated by grains, which originate from DDRX. 
The LAGB fraction (Figure 4 - 6 and Figure 4 - 7) in general goes over a maximum at a shear 
strain of about 2 and reaches a steady state (see point 3.). The migration rate depends on the 
grain boundary mobility and therefore decreases with temperature. Thus, softening does not 
occur if the migration rate is sufficiently low. If the LAGB fraction decreases simultaneously, 
new HAGB are formed by the transformation of existing LAGBs (see point 3. of the main 
characteristics). As a consequence the grain size (which is determined by HAGBs only) 
strongly decreases (at maximum down to the subgrain size). Figure 5 - 1 shows the grain sizes 
of samples 100-800, 110-800, 111-700 and 111-800. Especially the non-<100> samples show 
a strong decrease in grain size, while for the <100> sample (which shows only a small amount 
of hardening at medium to high shear strains) this decrease is a lot more moderate, which 
supports the above arguments. 
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5.1.3 Discontinuous dynamic recrystallization in experiment (T > 1000K) 
 
The microstructure significantly changes between T = 1000K and T = 1100K. Large recrystal-
lized grains, which can be attributed to DDRX taking place, grow at the expense of other 
grains. This is due to their sufficiently high HAGB mobility, which enables this growth. The 
tendency for DDRX to occur is intensified with temperature so that DDRX grains dominate 
the microstructure at T = 1300K. 
 
5.1.4 Grain shape alignment 
 
The results of chapter 4.3.4 indicate that not only “pure deformation” by simple shear takes 
place during torsion. There exists a process balancing the tendency of Φ’ to decrease due to 
simple shear. The grain shape alignment has been calculated based on an equiaxed grain 
structure. The introduction of new LAGBs inside the grains leads to the formation of new 
subgrains, which are sheared up to a certain strain. An acute angle with the shear direction 
should be favoured, although an obtuse angle is also possible for the grain long axis. Further-
more, those new subgrains may have a smaller aspect ratio. If it is < 2, they are not considered 
in the analysis. The steady state of the aspect ratio and inclination, respectively, must there-
fore result from a balancing of grains, which already have undergone deformation after frag-
mentation and increased their aspect ratio to values > 2 or from newly fragmented grains with 
aspect ratios > 2. Those grains must have a larger inclination angle than theoretically pre-
dicted for simple shear. At the other end, the grains with larger aspect ratios must disappear at 
some point due to fragmentation in order for the overall aspect ratio and inclination to stay 
constant.  
It is interesting to see, that the average inclination as well as the average aspect ratio are inde-
pendent of temperature and initial orientation in contrast to many other characteristics. This in 
turn means that neither of both processes (shear deformation and fragmentation) is likely to 
dominate. Since shear deformation takes place continuously, so does fragmentation of differ-
ent grains across the microstructure.  
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Figure 5 - 1: Grain size for NiAl samples at temperatures T = 700K and 800K subject to the shear 
strain. 
 
5.1.5 Correlation of microstructural parameters to the stress-strain curves 
 
The discussion will concentrate on the temperatures T = 900K and 1000K (for T < 900K, the 
correlation was discussed in chapter 5.1.2.). The development of the grain size and the 
LAGBs as well as the grain shape foliation is characterized by a steady state. The shear stress 
– shear strain curves reach a steady state in terms of shear stress as well. Further correlations 
will be discussed in the following. The curves of the LAGB fraction (Figure 4 - 7) and the 
shear stress-shear strain curves (Figure 4 - 2) have a similar shape. Hardening takes place by 
the continuous formation of LAGBs up to the stress peak corresponding to a maximum in 
terms of the LAGB fraction. In the softening stage that follows the stress peak, the LAGB 
fraction is reduced to a steady state value as well, at which the formation and annihilation of 
the LAGBs are balanced. The grain size development (Figure 4 - 5) is correlated with the 
shear stress – shear strain curves (Figure 4 - 2) in terms of the shear strain at which the re-
spective steady state is reached, i.e. both steady states are reached faster with increasing tem-
perature. In terms of grain shape alignment, the low-strain values are near to the theoretical 
curve of “pure deformation” (Figure 4 - 8). These strains are in the range at which softening 
starts. Therefore, pure deformation may be active in the beginning of deformation (i.e. in the 
range up to the shear stress peak). Dynamic recrystallization starts at the stress peak and leads 
to the observed deviation of the inclination angle and average aspect ratio from the curves for 
pure deformation.  
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5.2 Texture 
 
The texture is dominated by two components: {100}<100> (cube) and {110}<100> (Goss). 
The Goss component is a likely type of texture, because it indicates the alignment of the pri-
mary slip system of NiAl with the shear plane and shear direction, respectively (see Figure 1 - 
2). The situation is less clear for the cube component. 
 
5.2.1 Comparison with simulations 
 
Texture simulations were done using the full constraints Taylor model. A program was used, 
which is based on an equilibrium equation [Qod 2005, Tot 2005a; for details see chapter 3.6]. 
In addition to the texture development under simple shear, the length change in terms of the 
stress σzz (here z is the direction of the torsion axis) is calculated. The following slip systems 
have been used: {110}<100> and {110}<110> (see Figure 1 - 2). The stress exponent n and 
the CRSS ratio were varied. As there was no significant change in texture under variation of 
these parameters, the representative results will be shown for n = 12 and a CRSS ratio of 1:1. 
For the initial <110> and <111> fibre, the experimentally determined textures were used as 
input. The results are shown in the ϕ2 = 0° ODF-sections at different shear strains with respect 
to the following coordinate system: X, Y, Z parallel to the shear direction, shear plane normal 
and transverse direction, respectively (<110>: Figure 5 - 4, <111>: Figure 5 - 5). In both 
cases, the simulation only reproduces the {110}<100> (G) component. A weak {100}<100> 
(C) component only appears periodically at shear strains of 2, 6, 10 etc. for the initial <110> 
fibre in the ideal position. In between the rotated C component is seen. In the case of the 
<100> fibre (Figure 5 - 3) the G component is produced similarly to the other fibres. The C 
component only gradually appears.  
For the initial <100> component, one problem remains, which is illustrated in Figure 5 - 2: in 
torsion, the shear direction changes relative to the sample coordinate system (see Figure 3 - 
7). This does not matter in the case of a fibre texture, since all over the sample the same orien-
tation distribution is sheared. However, this no longer applies in the case of a component. It 
therefore would be necessary to know the position of the pin relative to the initial texture. As 
this is not known in this study, two theoretical cases will be distinguished: a fibre and a single 
orientation. To simulate the orientation change of the single orientations a full constraints 
Taylor program [VH 1988] is used with the same slip systems and a CRSS ratio of 1:1. Two 
possibilities are distinguished in this study: (i) an ideal {100}<100> orientation and (ii) a set 
of orientations, which, starting from the ideal orientation in (i), are rotated about the torsion 
axis by angles of 10°, 30° and 45°. In the given coordinate system (X,Y,Z parallel to the shear 
direction, shear plane normal = torsion axis and transverse direction, see chapter 4.4.1) this 
rotation corresponds to Euler angles ϕ1 = 90° and Φ = 10°, 30° and 45° in the ODF section 
ϕ2 = 0° (Figure 5 - 6). The ideal {100}<100> orientation is only clockwise (i.e. in -ϕ1 direc-
tion) rotated about the Z axis. With increasing deviation from the ideal orientation, there are 
additional rotations about Φ, which in the case of the 30° and 45° rotation result in an increas-
ing alignment with the G component.  
In conclusion it is stated, that the used simulation procedures lead to significant differences 
between experiments and simulation, especially for the C component. Therefore, this compo-
nent does not develop as stable orientation by simple shear deformation, but by other proc-
esses. The simulation of different single ideal and rotated cube orientations leads to the con-
clusion that independent of the initial orientation of a grain relative to the sample coordinate 
system (except for case of an initially ideal cube orientation), the G component will be the 
steady state orientation. 
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Figure 5 - 2: Local shear sense (indicated by arrows) in the initial stages of simple shear deformation 
for a cube component. The orientation changes locally with respect to the shear direction. 
 
 
 
 
 
 
 
 
 
 
 
 
 
80
 
Figure 5 - 3: ODF sections at ϕ2 = 0° of a texture simulation for an initial theoretical <100> fibre 
(FWHM: 9°, intensity: 5 mrd) at different shear strains. Maxima are given in mrd. 
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Figure 5 - 4: ODF sections at ϕ2 = 0° of a texture simulation for an initial experimental <110> fibre 
at different shear strains. Maxima are given in mrd. 
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Figure 5 - 5: ODF sections at ϕ2 = 0° of a texture simulation for an initial experimental <111> fibre 
at different shear strains. Maxima are given in mrd. 
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(a) (b) 
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Figure 5 - 6: ODF sections at ϕ2 = 0° of texture simulations for (a) ideal, (b) 10°, (c) 30° and (d) 45° 
about the torsion axis rotated cube single orientation at different shear strains. For visualization pur-
pose the single orientation was smoothed by 20°. 
 
5.2.2 Correlation of texture with microstructure 
 
While the occurrence of the G component can be explained by the simulation, this is not the 
case for the C component. As there are no obvious differences for grains containing either of 
the texture components in terms of grain size (see appendix G), only suggestions about the 
appearance of C can be made. Possibly, nucleation leads to the formation the ideal cube orien-
tation. These nuclei then undergo a rotation about the transverse direction due to simple shear 
deformation (see simulation results for the single cube orientations in chapter 5.2.1). This 
rotation continues up to a critical angle, at which the grains can start to grow. At this point the 
rotated cube orientations are expected to appear in the ODF. The grains are subsequently fur-
ther rotated up to another angle, which is seen as the maximum of the rotated cube component 
in the ODF sections (Figure 4 - 14 to Figure 4 - 17). The intensity of this maximum increases 
to a steady state value (except for samples 110-1000 and 111-1000) (Figure 4 - 18a, Figure 4 - 
19a, Figure 4 - 20a) and its position with respect to the Euler angle ϕ1 is nearly constant for 
each sample (Figure 4 - 24a, Figure 4 - 25a, Figure 4 - 26a). The increase in intensity is due to 
the above mentioned growth of the nuclei. In order to achieve a steady state intensity and a 
constant angle, a fraction of the rotated grains has to disappear from the microstructure, while 
new growing grains replace them.  
(c) (d) 
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Possible mechanisms could be: (i) the formation of new nuclei with the ideal cube orientation 
either inside or in the vicinity of the rotated cube grains, which undergo the development de-
scribed above and replace the parent grain by consuming it (it is assumed here, that new 
grains have a lower stored energy than the parent grain), (ii) the replacement of the rotated 
grains by grain boundary migration of their neighbours, if the difference in stored energy be-
tween both grains is sufficiently high.  
In the following the angular deviation of C will be discussed in more detail. According to the 
definition of the rotational sense of ϕ1 (Figure 3 - 20), a positive deviation corresponds to an 
“anti-clockwise” rotation. However, because of a dextral shear sense as indicated in Figure 2 - 
1 the rotation of an orientation is “clockwise”. Therefore, the decrease of the angular devia-
tion from 700K to 1000K (see appendix E) stands for an increasing amount of grain rotation 
possibly due to a decrease in stored energy with temperature. One can also ask, if the devia-
tion is related to the grain shape alignment in terms of the inclination angle Φ’, which is as-
sumed to be independent of orientation. An angle β = (90°-Δϕ1) (Δϕ1 = observed angular de-
viation) defines an interval during which a growing grain can exist. The inclination angle Φ’ 
defines another interval during which a grain deformed by simple shear can exist before it 
undergoes fragmentation. Both angles can be compared with respect to the shear strain. Toth 
et al. [Tot 1989, Tot 2005b] have shown that  
 
12β γ= Δ  
(Δγ1 = shear strain interval during which a growing grain can exist, β in radiant).  
 
Another value for Δγ2 can be obtained by the simulation results of the single cube orientation. 
The inclination angle Φ’ is related to the shear strain by equation (2.2).  
Table X summarizes the resulting values. The shear strains are in the same range. Therefore, 
both intervals are related to each other. 
The differences in texture development with respect to the observed texture components are 
discussed in the following in terms of the texture intensity. For C the development in terms of 
shear strain was discussed above. The increase in intensity of the G component for <110> and 
<111> with shear strain is consistent with the texture simulation results (Figure 5 - 4, Figure 5 
- 5). However, the intensities observed experimentally at 1000K are significantly higher. In 
terms of temperature, the increase of G (appendix F) in <110> and <111> samples may be 
due to a faster rotation of grains towards this component and grain growth. Since an increase 
in texture intensity due to grain growth is not taken into account by the texture simulation, the 
larger experimentally observed intensity of G at 1000K may be explained. In terms of initial 
orientation, the different texture intensity development of the <100> samples compared to 
<110> and <111> (especially the higher C intensity at 900K and 1000K) may be due to the 
initial texture, in which rotated cube grains as well as grains with ideal cube orientation are 
present. 
There are no new components present above 1000K, but the DDRX grains most probably are 
created through a nucleation mechanism, followed by intensive growth. The C component 
seems to be the orientation, which is most likely to be attributed to DDRX. The G component 
may be selected for growth, too, but is unlikely for nucleation (see e.g. sample 100-1300). 
 
 
 
 
 
 
(5.3)
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Table X: Shear strains based on the inclination angle of the grain long axis Φ’ and the angular devia-
tion in terms of β  at different temperatures. 
Temperature 
[K] 
Φ’ [°] / γ β [°] / Δγ1 β [°] / Δγ2 
800 30 / 1.15 <100>: 65-70 / ≈ 2.27 – 2.44  
<110>,<111>: 60 / ≈ 2.1 
<100>: 65-70 / ≈ 2.5 – 2.7 
<110>,<111>: 60 / ≈ 2.4 
900 30 / 1.15 <100>: 65-70 / ≈ 2.27 – 2.44  
<110>,<111>: 65 / ≈ 2.27 
<100>: 65-70 / ≈ 2.5 – 2.7 
<110>,<111>: 65 / ≈ 2.5 
1000 20 / 2.4 <100>: 75 / ≈ 2.62 
<111>: 70 / ≈ 2.44 
<110>: 65 / ≈ 2.27 
<100>: 75 / ≈ 3.1 
<111>: 70 / ≈ 2.7 
<110>: 65 / ≈ 2.5 
 
5.2.3 Rotation of texture components 
 
Following the simulation results of chapter 5.2.1, two questions will be discussed concerning 
the rotation of texture components: Why does the cube orientation rotate about the transverse 
direction? Why is the Goss orientation stable with respect to such a rotation? The discussion 
will concentrate on the respective contributing slip systems. 
According to the Taylor theory, each crystallite deforms in the same way as the aggregate. It 
is also stated, that of all possible combinations of slip systems that achieve the prescribed 
strain, the one that minimizes the internal work must be chosen. Consider a crystallite of ideal 
cube orientation, which is subjected to deformation by simple shear through slip on 
{110}<100> and {110}<110>. Only slip systems with a component of the Burgers vector 
parallel to the shear direction will be activated (Figure 5 - 7). It can be assumed, that in the 
case if the ideal cube orientation, slip on {110}<100> alone would be sufficient to account for 
the macroscopic change of shape. However this is not the case, because the internal work is 
not minimized by this slip alone. Therefore, two of the {110}<110> systems are activated as 
well. This however leads to a rotation and a change of orientation with respect to the sample 
coordinate system.  
 
 
Figure 5 - 7:Possible {110}<100> (left, yellow) and {110}<110> (right, orange) slip systems with a 
component of the Burgers vector (blue arrows) parallel to the shear direction. Black arrows indicate 
the shear sense. 
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Figure 5 - 8: Goss orientation with {110}<100> slip system indicated. Blue arrow marks the Burgers 
vector. Black arrows indicate the shear sense. 
 
In the case of the Goss orientation there is one possible {110}<100> slip system with a Bur-
gers vector component parallel to the shear direction, which can account for the prescribed 
strain (Figure 5 - 8). This is why this orientation is stable against rotation. 
 
5.3 Creep  
 
The results on creep will be interpreted in the same way as discussed in [Klö 2005a]. The 
temperature dependence of the stress exponent n has to be taken into account. This is done by 
introducing the following equation [Skr 1984]:  
 
Bn
kT
=  
 
(B = const, k = Boltzmann constant, T = absolute temperature) and a stress-dependent activa-
tion energy is introduced as follows [Skr 1984]: 
 
0
lnQ B τ
τ
⎛ ⎞
=− ⋅ ⎜ ⎟
⎝ ⎠
 
 
(B, τ0 = const, τ = shear stress) 
Substituting (5.5) into the Arrhenius equation ( )0 exp Q kTγ γ
• •
= ⋅ − leads to: 
 
0
0ln( ) ln( ) ln
kT
B
γτ τ
γ
•
•
⎛ ⎞
⎜ ⎟= − ⋅
⎜ ⎟
⎝ ⎠
 
The data have been fitted according to equations (5.4) and (5.5) (Figure 5 - 9 to Figure 5 - 11). 
The respective error bars refer to the standard deviation of the distribution of values at the 
respective point of measurement. It was generally tried to find the best fit for values at low 
temperatures (for fitting the stress exponent data) and high stresses (for fitting the activation 
energy data). Since there is a considerable scatter in the creep parameters, the fits are to be 
seen as “average” curves. First, the constant B was determined by fitting the stress exponent 
data for each of the initial orientations. In the second step it was tried to find the best possible 
fit for the activation energy data with the value of B as input. Through this procedure τ01 was 
calculated. Another plot of the steady state stress as a function of temperature according to 
(5.4)
(5.5)
(5.6)
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equation (5.6) is shown in (Figure 5 - 12). By fitting this graph a second value for τ02 is ob-
tained, which for all orientations is in good agreement with the values of τ01 calculated ac-
cording to equation (5.5). Table XI summarizes these values. The constant B is independent 
of the initial orientation, whereas τ01 and τ02 increase in the sequence <100>, <110> and 
<111>. 
Another support for the cross slip mechanism is given by the magnitude of the estimated acti-
vation volumes. According to equation (5.4) the activation volume V is given by 
 
T
Q BV
τ τ
∂
= − =
∂
 
 
For B = 96.5 kJ/mol = 1 eV and shear stresses between 10 and 100 MPa equation (5.7) yields 
activation volumes ranging from 387 to 39 b3. These values agree well with those given by 
Vandervoort et al. [Van 1966] under similar conditions. 
As equations (5.4) - (5.6) describe in fact the cross-slip process in fcc metals [Wol 1960] and 
ionic crystals [Skr 1982, Skr 1984], it is concluded, that this mechanism is likely to control 
the creep up to T = 1000K in NiAl as well. In NiAl slip takes place on several slip systems 
with <100> being the primary Burgers vector. At about 600K the secondary Burgers vector 
changes from <111> to <110> [SS 1996]. <100> dislocations have a fairly compact core and 
therefore frequently cross-slip [Cai 1999]. In contrast, <110> dislocations providing the nec-
essary independent slip systems for polycrystalline plasticity at high temperature are either 
dissociated or decomposed [Mil 1993, Sun 2003]. These core configurations make cross slip 
of <110> dislocations extremely difficult. Therefore, the creep process described above may 
only be controlled by cross-slip of <100> screw dislocations. It should be mentioned that 
Vandervoort et al. [Van 1966] found the same dependencies n(T) and Q(τ) as in this study at 
high stresses claiming a new creep mechanism described by a semitheoretical approach which 
agrees with that found for cross-slip. For low stresses they report a constant stress exponent of 
about 4 and an activation energy similar to Ni self-diffusion, suggesting a change to disloca-
tion climb-controlled creep. Similar results have been reported by Raj [Raj 2002]. Moreover, 
Raj [Raj 2002] as well as Arzt [Arz 1995] showed that at very low stresses (< 20 MPa) in the 
case of small grain sizes (≈20 μm), as stabilized in samples produced by powder metallurgy, 
there is a change to grain boundary diffusional creep. For higher temperatures than 1000K the 
stress exponent and the activation energy obtained in this study have values, which are in bet-
ter agreement with previous reports and therefore a change to dislocation climb-controlled 
creep is suggested. 
 
 
 
 
(5.7)
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Figure 5 - 9: Fits for the stress exponent (a) and the activation energy (b) for samples with initial 
<100> according to equations (5.3) and (5.4), respectively. Open symbols refer to data from the stress 
peak region at low strains, while solid symbols refer to data at higher strains.  
(a) 
(b) 
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Figure 5 - 10: Fits for the stress exponent (a) and the activation energy (b) for samples with initial 
<110> according to equations (5.3) and (5.4), respectively. Open symbols refer to data from the stress 
peak region at low strains, while solid symbols refer to data at higher strains.  
(a) 
(b) 
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Figure 5 - 11: Fits for the stress exponent (a) and the activation energy (b) for samples with initial 
<110> according to equations (5.3) and (5.4), respectively. Open symbols refer to data from the stress 
peak region at low strains, while solid symbols refer to data at higher strains.  
(a) 
(b) 
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Figure 5 - 12: Steady state stress as a function of temperature for different initial orientations. 
 
Table XI: Fit parameters for NiAl creep data subject to initial orientation. τ01 and τ02 were calculated 
with equations (5.4) and (5.5), respectively. 
 B [kJ/mol] B*ln(τ01) ln(τ01) τ01 [GPa] τ02 [GPa] 
 
<100> 96.5 820 8.5 4.9 6.6 
 
<110> 96.5 890 9.2 10.1 9.5 
 
<111> 86.9 830 9.6 14.1 11.2 
 
 
5.4 Swift effect 
 
5.4.1 Comparison between experiment and simulation 
 
As explained in chapter 3.6, in the texture simulation program the length change in terms of 
the stress σzz is analyzed. The following slip systems have been used: {110}<100> (primary) 
and {110}<110> (secondary) (see Figure 1 - 2). Simulations were done with the experimental 
<110> and <111> fibres and a theoretical <100> fibre as input. The stress exponent n and the 
CRSS ratio were varied. It was worked under the assumption, that the CRSS for the primary 
slip system is at largest equal to that of the secondary slip system and smaller otherwise. Re-
sults will be shown for stress exponents n = 6 and 12 and CRSS ratios of primary slip / secon-
dary slip of 1:1 and 1:4.  
Generally only a slight dependence on the stress exponent was observed. Therefore, the re-
sults will be summarized in terms of the CRSS ratio only. 
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In Figure 5 - 13 the result of the simulation for the initial <111> fibre and n = 12 is shown for 
two different CRSS ratios and a shear strain up to 10. Compared to the experimental curves 
(Figure 4 - 31c) there are significant differences. The amount of lengthening for the CRSS 
ratio 1:4 is much larger in the simulation and the shortening at medium to high shear strains is 
reproduced by neither of the simulation curves. Only for small strains the tendencies are com-
parable to the experiments, which will be discussed in more detail below. As being discussed, 
in the beginning stage of deformation, i.e. for shear strains up to the stress peak region, 
CDRX is not expected. Therefore, “pure” deformation dominates. Since CDRX is not incor-
porated into the simulation program, but only deformation by simple shear, the best match 
between experiment and simulation is expected to occur for shear strains up to about 2. All 
further simulation results are compared to the experiment only within this shear strain range. 
For the <100> fibre (sim: Figure 5 – 14, exp: Figure 4 - 31a) the experimental observation of 
shortening is reproduced for the CRSS ratio 1:4. However, the amount of shortening is only 
comparable to the experimental curve at 1300K. Furthermore, the amount of shortening in-
creases with the CRSS ratio (i.e. with decreasing temperature) which is not observed in the 
experiments. For the <110> fibre (sim: Figure 5 – 15, exp: Figure 4 - 31b), the tendency of 
lengthening for the CRSS ratio 1:4 is observed experimentally at 800K, but the amount of 
lengthening is much larger in the simulation. The tendency of shortening for the CRSS ratio 
1:1 is also observed experimentally at 900K and 1000K with the amount of shortening being 
smaller in the simulation. The change from lengthening into shortening with decreasing CRSS 
ratio (i.e. with increasing temperature) qualitatively corresponds to the experiment. For the 
<111> fibre (sim: Figure 5 – 16, exp: Figure 4 - 31c) there is a small amount of shortening for 
the CRSS ratio 1:1, which is comparable to the experimental curve at 1000K. Lengthening 
occurs for the CRSS ratio 1:4, which corresponds to the experimental curves at 800 and 
900K. However, the amount of lengthening is larger in the simulation as it also was for 
<110>. The decrease of lengthening with decreasing CRSS ratio (i.e. with increasing tempera-
ture) qualitatively corresponds to the experiment. The change from shortening to lengthening 
at the CRSS ratio 1:1 does not occur in the experimental curves. In summary it is concluded 
that tendencies of axial length change can be reproduced qualitatively by the simulation for 
small strains, where CDRX does not occur. The temperature dependence of the Swift effect is 
qualitatively comparable between simulation and experiment for <110> and <111>. However, 
in terms of quantitative results the simulation leads to much larger amounts of length change 
than observed experimentally.  
 
5.4.2 Explanation of the Swift effect  
 
According to experiment the Swift effect is strongly related to the texture development, with 
two clear correlations: 
 
1. The occurrence of the G component leads to lengthening.  
2. The C component is related to shortening. 
 
Observation 1 is confirmed by the simulations. Furthermore, the experimental texture of the 
samples, which lengthen (namely samples 111-700, 111-800 and 111-900, see Figure 4 - 31c) 
does not contain the C component, but the G component in the respective shear strain range. 
Observation 2 is confirmed by the simulations for the <100> fibre and the experiments. Both 
observations will be explained in the following based on the slip systems. Consider crystallite 
elements with slip planes at different orientations in a two-dimensional view (Figure 5 – 17, 
based on [Swi 1947]). If the slip planes are parallel to the shear direction, no change in axial 
dimensions is observed (Figure 5 – 17a). This case applies for the ideal orientations of the C 
and G component. If the slip planes are inclined with respect to the shear direction, two dif-
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ferent cases can be distinguished, in which either shortening (Figure 5 – 17b) or lengthening 
(Figure 5 – 17c) occurs. Therefore, the former case is related to the rotated C component, 
whereas the latter case applies for both components. The experimentally observed deviations 
in ϕ1 for G are always positive (especially for samples 111-700, 111-800 and 111-900), which 
confirms this explanation.  
 
 
Figure 5 - 13: Simulation of the length change for initial <111> fibre for n = 12 and different CRSS 
ratios. Positive and negative values refer to lengthening and shortening, respectively. 
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Figure 5 – 14: Simulation of the length change for initial <100> fibre for n = 6 (a) and n = 12 (b) and 
different CRSS ratios. Positive and negative values refer to lengthening and shortening, respectively.  
  
 
  
 
(b) 
(a) 
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Figure 5 – 15: Simulation of the length change for initial <110> fibre for n = 6 (a) and n = 12 (b) and 
different CRSS ratios. Positive and negative values refer to lengthening and shortening, respectively.  
 
 
 
 
(b) 
(a) 
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Figure 5 – 16: Simulation of the length change for initial <111> fibre for n = 6 (a) and n = 12 (b) and 
different CRSS ratios. Positive and negative values refer to lengthening and shortening, respectively.  
 
 
 
 
(b) 
(a) 
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Figure 5 – 17: (a) crystallite element with shear planes parallel to the shear direction. (b), (c): crys-
tallite element with shear planes inclined with respect to the shear direction. The shear sense is indi-
cated by black arrows.  
 
 
 
 
 
 
 
(a) (b) 
(c) 
 
 
 
99
5.4.3 Discussion of further experimental findings 
 
The experimentally observed tendencies are summarized as follows: 
 
1. The total amount of shortening increases with temperature. 
2. For <110> and <111> samples the texture intensity of the C component decreases with 
temperature; it stays constant for <100> samples. 
 
First it is assumed that the magnitude of the Swift effect is related to the texture intensity, i.e. 
the amount of shortening is related to an increase in intensity of the respective texture compo-
nent. However, since the C component is identified as being responsible for the shortening, 
the experimentally observed Swift effect cannot be explained by the texture intensity. There-
fore, it is suggested that the amount of shortening depends on the rotation angle β of the C 
component about the transverse direction. It is discussed in chapter 5.2.2 that β is related to 
the angular deviation. Furthermore, the inclination of the active slip planes and slip directions, 
respectively, with respect to the shear direction determines whether shortening or lengthening 
occurs (chapter 5.4.2). Figure 5 – 18 shows a schematic two-dimensional view of a rotated 
crystallite with possible active slip systems indicated by their respective Burgers vector. If the 
amount of slip within each slip system is known, the slip component along the SPN direction, 
being a measure for the Swift effect, can be determined. This value was not calculated within 
this work. Therefore, only qualitative suggestions are made. In appendix J a calculation is 
done, which results in a geometric factor comparable to the Schmid factor in uniaxial defor-
mation. This factor depends on the rotation angle β for the contributing slip systems. Assum-
ing that this factor is related to the activity of the respective slip system, {110}<100> leads to 
increased lengthening, while for {110}<110> shortening is more pronounced. Therefore, pos-
sibly this “shortening” system has a larger contribution to the Swift effect than the two 
“lengthening” systems (the second {110}<100> system does not contribute to the Swift effect 
according to its factor of activity). 
 
 
 
Figure 5 – 18: Possible active slip systems for a single cube orientation being rotated about the angle 
β (red – {110}<100>, blue – {110}<110>) indicated by their respective Burgers vectors. Solid and 
dashed arrows refer to shortening and lengthening, respectively, taking place through the activation 
of the respective slip system.  
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5.5 Comparison HESR – EBSD 
 
While EBSD is an established method in the field of orientation measurements, HESR is a 
rather new technique. It is one of the advantages of HESR in comparison to EBSD that not 
only the surface of the sample but also the volume can be examined, because the penetration 
depth of HESR is much larger compared to electron beams. Thus, texture measurements with 
HESR lead to significantly improved grain statistics. Table XII illustrates this fact. A further 
limitation of the area which can by analyzed by EBSD arises due to the geometry of torsion 
(i.e. due to the change of the shear direction relative to the analyzed area, see Figure 3 - 7). 
Another advantage of HESR measurements is the setup, i.e. textures can be faster measured 
(≈ 7 hours for one pin at 5 positions) compared to EBSD (≈ 12 hours at one position). Further 
advantages and limitations will be discussed in the following. 
 
Table XII: Number of grains subject to grain size and experimental technique. (HESR sample volume: 
0.8 mm3, EBSD area: 0.5 mm2) Grains are assumed to be close packed spheres and circles, respec-
tively, with a packing density of 0.74. 
Number of grains Grain size [µm] 
HESR EBSD 
   
1 1.4*108 1.2*105 
15 4.2*104 5.2*102 
90 1.9*102 14 
 
For an average grain size of about 90 µm, which is reached for T > 1000K, both methods 
yield unsatisfactory statistics. HESR is further complicated by the fact that those large grains 
result in single spots with high intensity on the Debye-Scherrer rings (Figure 5 - 19) and sub-
sequently in single spot peaks in the ODF, while on the other hand there is much less intensity 
in other parts of the rings. With EBSD the statistics gets even worse, but at least a grain-by-
grain analysis can be done. 
For smaller grain sizes, similarities and differences will be shown in the form of (100) pole 
figures. Figure 5 - 20 shows a direct comparison of three samples at the respective highest 
shear strains. Both techniques lead to quantitatively comparable pole figures. The microstruc-
ture at the sample edge is therefore homogeneous not only in terms of grain size, but also in 
terms of texture. In Figure 5 - 21 the comparison is shown for sample 100-10001 at different 
shear strains. The pole figures are not in qualitative agreement especially for strains which 
correspond to positions between the centre and edge of the sample. Therefore, small scale 
local inhomogeneities in terms of texture are better recognized by EBSD, because HESR av-
erages over the radiated sample volume. 
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Figure 5 - 19: Detector image of sample 111-10001(a) and 111-1273 (b). The Miller indices of the 
respective Debye-Scherrer rings are indicated. For sample 111-1273 the occupancy of the Debye-
Scherrer rings is not uniform (especially (100) and (111)), but partly consists of either single spots 
only (which are due to a few large grains) or areas of zero intensity. In the subsequent analysis this 
results in peaks of high intensity or a zero intensity per interval. The averaging procedure of the 
analysis software then is more likely to result in points in the pole figure and ODF having either a 
very high or zero intensity. 
 
 
 
 
Figure 5 - 20: (100) pole figures of samples 100-8001, 100-10001 and 111-10001 measured with EBSD 
(a) and HESR (b) ( SD = shear direction, SN = shear plane normal, TD = transverse direction, 
maxima are given in mrd). 
 
(a) (b)
100-8001 100-10001 111-10001
(a) 
(b) 
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Figure 5 - 21: (100) pole figures of sample 100-10001 at different shear strains measured with EBSD 
(a) and HESR (b) ( SD = shear direction, SN = shear plane normal, TD = transverse direction, 
maxima are given in mrd). 
 
6 Conclusions 
 
It was the aim of this study to provide an overview on the development of microstructure and 
texture of the intermetallic compound NiAl under torsion deformation. The setup used has 
previously only been used for rock deformation. It enables to examine texture and microstruc-
ture as a function of shear strain. Other parameters investigated have been the initial orienta-
tion and the deformation temperature. 
The development of the microstructure is characterized by two different temperature regimes. 
For T up to 1000K, continuous dynamic recrystallization (CDRX) takes place. This mecha-
nism leads to the incorporation of dislocations into LAGBs and the successive transformation 
of these boundaries into HAGBs. The predictions of a model of CDRX developed by Mon-
theillet et al. were compared with the experimental results. The shear stress – shear strain 
curves are characterized by a peak at low strains, which is followed by softening and a steady 
state at high strains. This condition is fulfilled for a number of samples, but especially <111> 
oriented samples do not show a steady state at low temperatures but a hardening stage instead. 
Grain refinement with shear strain takes place for all samples and the average grain size de-
creases with temperature. With increasing shear strain the fraction of LAGBs goes over a 
maximum and approaches a steady state of about 40%. The predicted decrease above a critical 
shear strain is in agreement with the experiments at the lowest temperatures (T = 700K and 
800K). Deviations from the CDRX model can be explained by the temperature dependence of 
the grain boundary mobility. For temperatures T > 1000K, discontinuous dynamic recrystalli-
zation (DDRX) occurs, by which new grains form by nucleation and subsequent growth. 
(a)
(b)
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The texture is characterized by two components, {100}<100> (cube, C) and {110}<100> 
(Goss, G). The intensity of G increases with temperature, while that of C decreases independ-
ent of the initial orientation. Both components are deviated from the ideal position in positive 
ϕ1 direction (rotation about the transverse direction). The deviation is larger for grains con-
taining the C component and decreases with temperature. Grains containing the G component 
have the smaller deviation decreasing with temperature and strain. Texture simulations based 
on the full constraints Taylor model under the assumption of {110}<100> and {110}<110> 
slip were done with the experimental <110> and <111> fibres as well as a theoretical <100> 
fibre and a {100}<100> single orientation (ideal as well as rotated about the torsion axis). The 
G component is predicted by the simulations and therefore is assumed to be the deformation 
texture. However, the intensity and position of the C component is not reproduced by the 
simulation. It therefore must originate by different mechanisms. For the non-<100> oriented 
samples, possibly nucleation is responsible for C. Simulations with single orientations lead to 
the conclusion, that the ideal C orientation rotates about the transverse direction, while other 
C orientations, which are rotated about the torsion axis, increasingly converge towards the G 
component with shear strain. A single G orientation on the other hand is stable against such a 
rotation and therefore represents a steady state component. Based on these results it is pro-
posed, that ideally C oriented nuclei rotate until an angle is reached at which they grow. These 
new grains are further rotated up to a critical angle, at which a fraction of them disappears 
from the microstructure and is replaced by new growing grains. The recrystallization texture 
for T > 1000K most likely is the C component as well. 
Torsional creep of NiAl is characterized by a power law with a stress exponent and an activa-
tion energy, which depend on temperature and stress, respectively. A model incorporating 
both dependencies is proposed and applied to the creep data. It is shown that for T ≤ 1000K 
creep of NiAl is dominated by recovery processes such as cross slip of <100> screw disloca-
tions. For T > 1000K the stress exponent and the activation energy according to previous re-
ports suggest dislocation-climb controlled creep. 
The Swift effect, due to which samples change their axial dimension during torsion without 
applied axial stress, is observed for NiAl. It is strongly related to the texture development and 
in the case of NiAl the C component is identified as being responsible for shortening, whereas 
the G component leads to lengthening as long as it is not aligned with the shear system. Both 
tendencies can be explained with the active slip systems. Simulations based on “pure” defor-
mation fail to predict the experimental observation at medium and large shear strains. Only 
for small shear strains, where CDRX does not dominate deformation, a qualitative compari-
son is possible. The increasing amount of shortening with temperature cannot be explained by 
the texture intensity of the C component. It is suggested that the amount of the Swift effect 
subject to temperature possibly depends on the angle about which the C component is rotated 
with respect to the transverse direction.  
HESR and EBSD were compared with respect to local texture measurements. Depending on 
the average grain size it is concluded that HESR has an advantage in terms of grain statistics. 
However, for DDRX samples both methods are limited. Local texture inhomogeneities can be 
better detected using EBSD, whereas for an overall local texture information HESR is better 
suited. 
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7 Recommendations for further research 
 
This study addressed some of the questions of polycrystal deformation during high-strain tor-
sion. However, there are problems that remained unanswered. In order to shed some light on 
these other aspects, further experiments are necessary. 
 
Test of low-temperature ductility 
 
Another way to approach the problem of the low-temperature brittleness instead of alloying is 
to change the grain structure and texture on purpose.  
 
 
Figure 5 - 22: Grain size d dependence of the fracture stress σf and yield stress σy defining the brittle-
to-ductile-transition grain size dc. The dashed line shows the effect of texture on σy in the case of a 
decreasing Taylor factor M. In NiAl, σy is strongly determined by the harder secondary slip systems. 
 
In Figure 5 - 22 the fracture stress σf and yield stress σy as a function of the inverse root of the 
grain size are shown for constant temperature. The brittle and ductile region are characterized 
by σf > σy and σf < σy, respectively. Therefore, grain refinement down to a grain size d < dC 
helps to reach the ductile field. Since the yield stress increases with decreasing temperature, 
the critical grain size decreases (the fracture stress is assumed to be independent of tempera-
ture). Furthermore the ductile field can be extended by changing the texture in such a way that 
the Taylor factor M is reduced. During torsion a fine-grained microstructure develops. It 
would be interesting to investigate the ductility especially at low temperatures (e.g. starting at 
room temperature), Thus, tension tests can clarify, if the steady state grain size is small 
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enough to ensure sufficient low temperature ductility. Furthermore, a statement could be 
made, whether the torsion texture can lead to an increase in ductility. 
 
High pressure torsion of NiAl 
 
With the setup of chapter 1.3 it is also possible to deform NiAl under much higher hydrostatic 
pressure. Thus, it is possible to deform at lower temperatures than used in this study. It would 
be interesting to investigate if further grain refinement is possible under these conditions. 
 
Transmission electron microscopic studies 
 
The local microstructure should be analyzed with a transmission electron microscope (TEM) 
with regard to the subgrain and dislocation structure. This analysis could help answering 
questions on the homogeneity of deformation on different scales. 
 
Additional materials 
 
Torsion deformation using the Paterson machine can be used for a large variety of metals. 
Performing the torsion test on other materials may lead to distinctly different plastic deforma-
tion behaviour. First tests on the intermetallic compound TiAl indicate that depending on 
composition and history of the sample prior to torsion superplastic deformation may occur. 
 
Modeling of the Swift effect 
 
In this work there were substantial differences between experimental findings and results ob-
tained by simulations with respect to texture and axial sample length change. Furthermore no 
concluding explanation was given for the experimentally observed temperature dependence of 
the Swift effect. Further work especially in the field of modelling is necessary in order to pro-
vide these explanations. Especially the incorporation of effects related to recrystallization has 
to be considered. 
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Appendix A: HAGB mappings 
 
- mappings of EBSD measurements containing HAGBs (misorientation > 15°) 
- scale bar corresponds to 200 µm if not stated otherwise 
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Appendix B: grain boundary and texture component mappings of high 
temperature samples 
 
- Left: grain boundary mappings: thin lines = LAGB, thick lines: HAGB 
- Right: texture components: red = cube component, green = Goss component 
- Note that the analysis of the cube component starts with the ideal cube orientation 
- A spread of 20° was allowed for both components 
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<100>, 1300K 
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γ = 14.1
γ = 6.9 
 
 
 
128
<111>, 1300K 
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Appendix C: misorientation distributions obtained by EBSD 
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Appendix D: ODF φ2 = 0° sections 
 
maxima are given in mrd 
 
 
sample 100-9001 
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 sample 100-9002 
 
 
 
 
135
 
 
 sample 100-10001 
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 sample 110-900 
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 sample 110-1000 
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sample 111-700 
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sample 111-900 
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sample 111-10001 
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Appendix E: angular deviation of texture components for different initial 
textures and constant temperature 
 
open symbols refer to the samples, which were deformed at a strain rate of 1 x 10-4 s-1 (strain 
rate for other samples: 3.6 x 10-5 s-1) 
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Appendix F: texture intensity and angular deviation in ϕ1 at constant 
shear strain (γ ≈ 8) as function of temperature 
 
open symbols refer to the samples, which were deformed at a strain rate of 1 x 10-4 s-1 (strain 
rate for other samples: 3.6 x 10-5 s-1) 
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Appendix G: Average grain size of texture components subject to shear 
strain for different initial orientations and temperatures 
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Appendix H: texture component analysis and (100) pole figures meas-
ured by EBSD of sample 100-1100 
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- (100) pole figures were measured at different positions along the respective sample 
section for constant shear strain 
- coordinate system: X0 || shear direction, Z0 || transverse direction 
- maxima given in mrd 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
max = 16.2 max = 6.8 max = 12.8
max = 6.4 max = 9.1 max = 9.2 
max = 12.2 max = 12.3 max = 8.7 
max = 11.7 max = 12.1 max = 9.9 
γ = 5.6 
γ = 7.1 
γ = 8.4 
γ = 9.9 
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Appendix J: calculation of slip system activity factor for a rotated cube 
orientation 
 
1 Transformation of stress – torsional „Schmid factor“ 
 
According to [Hos 1993] a general transformation rule of stresses can be defined by: 
 
ij im jn mn
n m
l lσ σ= ⋅ ⋅∑∑  
 
(lim, ljn = direction cosines) 
with i, j, k and m, n, p denoting the axes of the slip system and sample CS, respectively. 
The CS are introduced as follows: 
 
Sample CS:  m = x = shear direction (SD) 
   n = y = shear plane normal (SPN) 
   p = z = transverse direction 
 
Slip system CS: i = 1 = slip direction (GD) 
   j = 2 = slip plane normal (GPN) 
   k = z = transverse direction 
 
The respective stress tensors are defined as: 
 
210 0 0 0
0 0 0 , 0 0 0
0 0 0 0 0 0
yx
sample SSE E
σ σ⎛ ⎞ ⎛ ⎞
⎜ ⎟ ⎜ ⎟= =⎜ ⎟ ⎜ ⎟
⎜ ⎟ ⎜ ⎟
⎝ ⎠ ⎝ ⎠
 
 
Therefore, equation (1) reduces to: 
 
21 2 1y x yxl lσ σ= ⋅ ⋅  
 
 21 cos(( , )) cos(( , )) yx ss yxGPN SPN GD SD mσ σ σ= ⋅ ⋅ = ⋅  
 
 torsional „Schmid factor“: cos(( , )) cos(( , ))ssm GPN SPN GD SD= ⋅  
 
 
 
 
 
 
 
 
 
 
 
 
 
(1) 
(2) 
(3) 
(4) 
(5) 
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2 Calculation of geometric factor mSS 
 
The crystallographic directions of the sample CS are as follows: 
 
 
 
 
 
 
 
 
 
 
 
 
 
The values of the rotation angle β are 60°, 65°, 70°, 75° in clockwise direction, which corre-
sponds to the experimentally observed angular deviations of  the C component (15°-30°).  
The direction cosines are calculated as follows: 
 
{110}<100> slip 
 
Starting with GPN vectors of [011] and [101], the vector coordinates subject to β are: 
 
GPN 
vector /  
β [°] 
60 65 70 75 
[ ]0 1 1  (0.87 , ½ , 1) (0.91 , 0.42 , 1) (0.94 , 0.34 , 1) (0.97 , 0.26 , 1) 
[ ]1 0 1  (1/2 , -0.87 , 1) (0.42 , -0.91 , 1) (0.34 , -0.94 , 1) (0.26 , -0.97 , 1) 
 
- angles (GPN,SPN): 
 
GPN vec-
tor /  
β [°] 
60 65 70 75 
[ ]0 1 1  69,3 72,6 76 79,45 
[ ]1 0 1  52,2 50,1 48,3 46,9 
 
- angles (GD,SD): 
 
GPN 
vector /  
β [°] 
60 65 70 75 
[ ]0 1 1  60 65 70 75 
[ ]1 0 1  30 25 20 15 
 
 
x = SD = [100] 
y = SPN = [010] 
z = TD = [001] 
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- torsional Schmid factors according to equation (5): 
 
 60 65 70 75 
[ ]0 1 1  0,353 0,126 0,08 0,05 
[ ]1 0 1  0,53 0,58 0,624 0,66 
 
 
{110}<110> slip 
 
The angle (GPN,SPN) is always 90°. Therefore cos( , ) 1GPN SPN =  for all angles β. 
The starting GPN vectors are [ ]
_
1 1 0 , 1 1 0⎡ ⎤⎢ ⎥⎣ ⎦
. 
 
- angles (GD,SD): 
 
 60 65 70 75 
_
1 1 0⎡ ⎤⎢ ⎥⎣ ⎦
 
15 20 25 30 
[ ]1 1 0  75 70 65 60 
 
- torsional Schmid factors according to equation (5): 
 
 60 65 70 75 
_
1 1 0⎡ ⎤⎢ ⎥⎣ ⎦
 
0,966 0,94 0,91 0,866 
[ ]1 1 0  0,259 0,342 0,422 0,5 
 
The slip system coloured green leads to shortening, while the slip system coloured yellow 
leads to lengthening. 
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